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1. INTRODUCTION

Thirty years ago, Nowotny published a review article in this journal' summarizing some of
the work that he and his coworkers had carried out during the sixties on the syntheses of a large
number of carbides and nitrides''®, It was an impressive accomplishment; during that decade, his
group discovered over 100 new carbides and nitrides. Amongst them were more than thirty, so-
called H- or Hidgg phases, that are of specific interest to this work. These H-phases have a M,AX
chemistry, where M is an early transition metal, A is an A-group element (mostly IIIA and IVA)
and X is either C and/or N (Table I). They are layered and hexagonal with M,X layers
interleaved with layers of pure A (Fig. 1a). In 1967 they discovered Ti,SiC," and Ti,GeC,", both
of which are structuraily related to the H-phases in that M,X, layers separate the A-layers (Fig.
1b). It was not until the early 90’s, however, that Pietzka and Schuster, the latter a coworker of
Nowotny, added Ti,AlC, to the list'>*

The history of the H-phases, henceforth referred to as the 211 phases, is quite short.
Astonishingly enough from the time of their discovery until our first report, and apart from a
series of Russian papers in the mid-seventies?* in which it was claimed that 90-92% dense
compacts of Ti,AlC and Ti,AIN were synthesized, they were totally ignored. The Russian results
have to be interpreted with care, however, since their reported microhardness values of = 21 to
24 GPa, are difficult to reconcile with the actual values that range from 3-4 GPa. Some magnetic
permeability measurements on Ti,AIC and Cr,AIC had also been reported'®. To date, the
situation remains for the most part unchanged for a majority of the 211 phases; the only results
available are the ones we reported.

The history of Ti,SiC, is slightly more involved. The first hint that Ti,SiC, was atypical came
as early as 1972, when Nickl et al.”*, working on chemically vapor deposited, CVD, single



202 Thermodynamically stable nanolaminates

crystals, showed that Ti,SiC, was anomalously soft for a carbide. The hardness was also quite
anisotropic, with the hardness normal to the basal planes roughly 3 times that parallel to them.
When the authors used a solid state reaction route, the resulting material was no longer “soft”. In
1987, Goto and Hirai*®, confirmed the results of Nickl et al. Since then a number of other studies
on CVD films or single crystals made by CVD have appeared”™™.

The fabrication of single phase, bulk dense samples of Ti;SiC, proved to be much more
elusive, however. Attempts to synthesize it in bulk form always resulted in samples containing,
in most cases, TiC, and sometimes SiC, as an ancillary unwanted phase’'*. Consequently, before
our breakthrough in synthesis® little was known about Ti,SiC,, and much of what was known
has since been shown to be incorrect. For example, despite a sentence buried in one of
Nowotny’s papers claiming Ti,SiC, does not melt but dissociates at 1700 °C into TiC and a
liquid"’, the erroneous information that it has a melting point of over 3000 °C* is still being
disseminated. Furthermore, and prior to our work, many of the Ti,SiC, samples fabricated in
bulk form were unstable above =~ 1450 °C*****°. We have shown that, if pure, Ti,SiC, is
thermally stable to at least 1700 °C in inert atmospheres™*; a result that has been confirmed
recently by others®*. Another important misconception that tempered the enthusiasm for

Ti,SiC, was again, the erroneous belief that its oxidation resistance was poor above 1200
oc32,39.40.

3238 came closest to

Despite the aforementioned pitfalls, Pampuch, Lis and co-workers
fabricating pure bulk samples; their best samples were ~ 80-90 vol. % pure (balance TiC). Using
these samples they were the first to show that Ti,SiC, was elastically quite stiff, with Young’s
and shear moduli of 326 GPa and 135, respectively® and yet was easily machinable. They also
confirmed its relative softness (Vickers hardness of 6 GPa) and noted that the high stiffness-to-
hardness ratio was more in line with ductile metals than ceramics, and labeled it a “ductile”
ceramic. Apart from these properties and a report that the thermal expansion of Ti,SiC,” was 9.2
x 10° K", no other properties were known.

For the sake of completion it should be noted that reference to Ti,SiC, in the literature occurs
in another context. This phase is sometimes found at the interface when Ti and SiC are in
contact™*> at higher temperatures. The latter are encountered when Ti is used as braze material
to bond SiC to SiC, in SiC Ti-reinforced metal matrix composites, or as potential electrodes in
SiC-based semiconductor devices™.

Quite recently, we identified, Ti,AIN;, henceforth referred to as 413, to be a related
compound®*®. At which point it became apparent that we were dealing with a family of ternary
layered compounds with the general formula: M,,;AX,,, where N is 1, 2 or 3, M is an early
transition metal, A is an A-group (mostly IIIA and IVA) element, and X is either C or N. During
the past four years, and funded primarily by the National Science Foundation, we have shown
that these phases represent a new class of solids that can be best described as thermodynamically
stable nanolaminates. It has long been predicted, and our results fully confirm, that nanoscale
solids, especially laminates, should exhibit unusual and exceptional mechanical properties. Full-
scale exploitation of this idea, however, had been hindered by two fundamental problems. The
first has to do with the cost of manufacturing bulk samples: Making large parts by molecular
beam epitaxy, for instance, is not commercially viable. The second problem is more
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fundamental: Even if fabricated, such fine-scale assemblages would not be thermodynamically
stable and as such would be of limited use at elevated temperatures.

Another powerful idea to emerge in the last decade in the materials community is that of
biomimetics, wherein nature’s splendid designs that had evolved over miilions of years, would be
imitated. For example, abalone shell, mainly comprised of a brittle calcium carbonate, is quite
tough. This toughness arises from a submicron polymer film that lies between the calcium
carbonate layers. The microstructural similarities between the fractured surfaces of abalone shell
and those of the M,,;AX, phases are remarkable. The layering in abalone, however, is on a much
coarser scale. Another crucial distinction is that the properties of abalone are optimized for room
temperature use. Heating an abalone shell to a couple of hundred degrees destroys the polymer,
and concomitant toughness. Wood is another example, where again there is a marked resemblance
to the M, ,AX|, phases.

Since 1996, when our first paper on Ti,SiC,” was published, we have embarked on an
ambitious program whose goal is to synthesis and characterize all the My, , AX**“% 1" phases.
To date, we have fabricated and characterized = 15 of the roughly 50 M,,,,AX,, phases known to
exist (Table I). Thermally, elastically, chemically and electrically, they share many of the
advantageous attributes of their respective stoichiometric binary metal carbides or nitrides: they
are elastically stiff, electrically and thermally conductive. Mechanically, however, they cannot be
more different: they are readily machinable, relatively soft, resistant to thermal shock and
unusually damage tolerant. They are the only polycrystalline solids that deform by a combination
of kink and shear band formation, together with the delaminations of individual grains.
Dislocations multiply and are mobile at room temperature, glide exclusively on the basal planes,
and are overwhelmingly arranged either in arrays or kink boundaries. They combine ease of
machinability with very decent mechanical properties, especially at temperatures > 1000 °C.
Furthermore, Ti,SiC, and Ti,AIN,, couple thermal isotropy with mechanical anisotropy.

As discussed in this paper, this unusual combination of properties is traceable to their layered
structure, the mostly metallic - with covalent and ionic contributions - nature of the MX bonds that
are exceptionally strong, together with M-A bonds that are relatively weak, especially in shear. The
best-characterized ternary to date is Ti,SiC,. We currently know its tensile, compressive and
flexural strengths and their temperature dependencies. Its creep, hardness, oxidation resistance,
fatigue, fracture toughness and R-curve behavior, tribological properties and surface characteristics
have been measured. Additionally its electrical conductivity, Hall and Seebeck coefficients, heat
capacity, both at low and high temperatures, elastic properties and their temperature dependencies,
thermal expansion and thermal conductivity have been quantified.

In brief, and despite the relatively short time these compounds have been identified as having
unusual properties, we have come a long way in understanding their physical, mechanical and
chemical properties. The purpose of this paper is to summarize this understanding. This paper is
divided into nine parts. The following section reviews the structure and bonding commonalties
and trends between these phases. Section 3, deals with some recent ab initio calculations that, for
the most part, capture the essence of the bonding in these solids. Section 4 summarizes our
knowledge of the thermal properties, including Rietveld analysis of high temperature neutron
diffraction results, thermal expansion and conductivity and thermal stability. The fifth section
deals with the electrical transport, including conductivity, Hall and Seebeck coefficient
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measurements. The elastic properties are reviewed in section six. The seventh, and longest
section, deals with their mechanical response. The last major section deals with chemical
reactivity and oxidation resistance. The final sections deal with outstanding issues and some of
the potential applications for these solids.

2. STRUCTURE AND BONDING

The M,,,AX}, phases are layered hexagonal (space group Dgh -P6,/mmc) with two formula
units per unit cell. Figures 1a, b and ¢ compare the unit cells of the 211, 312 and 413 phases,
respectively. In each case near close-packed layers of M layers are interleaved with layers of
pure group A-element, with the X-atoms filling the octahedral sites between the former. The A-
group elements are located at the center of trigonal prisms that are larger than the octahedral sites
and thus better able to accommodate the larger A-atoms. The M X octahedra are edge sharing
and are identical to those found in the rock salt structure of the corresponding binary carbides
(see Fig. 4). The main difference between the structures shown in Fig. 1 is in the number of M
layers separating the A-layers: in the 211’s there are two; in the 312’s, three, and in the 413’s
four. As discussed in more detail later, this layering is crucial and fundamental to understanding
the properties in general, and the mechanical properties in particular.

Table 1 lists all the My,,,AX,, phases known to date, together with their lattice parameters and
theoretical densities. The A-group elements are mostly IIIA and IVA. All but four compounds are
211’s; by far the most prevalent structure. Al is the most versatile A-group element with 8
compounds, including nitrides, 312’s and the sole 413 phase. With nine Ga forms the most 211
phases. As noted above, the vast majority of these phases were discovered in the sixties by
Nowotny and co-workers'®. Interestingly enough, a table similar to the one shown in Table I,
appeared 30 years ago in this publication'.

There are only three 312 phases known to date: Ti,SiC,", Ti,GeC,'? and Ti,AlC,"**. The
only Si-containing ternary is Ti,SiC,, and there are no reports of N-containing 312 phases. The
only 413 phase known to exist is Ti, AIN,°*®, This phase was initially believed to be
Ti,ALLN,''>!"®. Later, it was suggested, mostly on chemical analysis, that it was isostructural with
Ti,SiC,"". Recently, however, we have unequivocally shown by high resolution transmission
electron microscopy, HRTEM®, Rietveld analysis of neutron diffraction, ND, data®, and by
careful mapping of the ternary phase diagram® that this phase possesses the unit cell shown in
Fig. 1c. The corresponding HRTEM image is shown in Fig. 2, wherein the layered nature of the
compound is clearly visible®. It is worth noting that this phase is N deficient since its exact
stoichiometry is Ti,AIN,,*. Similarly, we found that only a Ti:Al:C ratio of 3:1.1:1.8 led to
single phase sample, i.e. Ti;Al,,C, . Since this composition was not otherwise confirmed it
should be considered preliminary at this stage.

The structure of Ti,AIN as determined by HRTEM® agrees with that previously
determined from Rietveld analysis of diffraction data'*. Conversely, the crystal structures of
thinned Ti,SiC,, Ti,AIN,, and Ti,AlC, samples do not®**. For example, the HRTEM image
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Figure 1: Unit cells of, a) 211, b) 312 and c) 413 phases. Unit cells are delineated by vertical
arrows labeled c. The horizontal dashed line is drawn through the centers of the unit cells.

shown in Fig. 2 does not correspond to the unit cell shown in Fig. 1c. Thinning the samples
results in a dimensionally induced polymorphic phase transformation, which involves the
shearing of the Si or Al planes in opposite directions. These transformations in some ways
resemble the dimensionally-induced HCP to FCC transformations observed in Ti-based thin
multilayers''®'*. More work, however, is required to establish the commonality of these
phenomena and understand the nature of the driving forces and transformation mechanisms,
neither of which is totally understood for the Ti-based work'*#'?,

One of the leitmotifs of this work is the close resemblance in structure, and many of the
properties, between the M, X, phases and their corresponding stoichiometric MX binaries. It is
thus useful at this juncture to briefly point out their structural similarities, which is best shown
schematically (Fig. 3). To convert Ti,SiC, (Fig. 3a) to TiC (or 413 to TiN): i) replace the Si
atoms by C. This results in the highly twinned rock salt structure, wherein the planes previously
occupied by the Si layers are now mirror planes (Fig. 3b); ii) de-twin every other Ti,C, block of
layers (by rotation around an axis perpendicular to c-axis). The resulting plane is the (110) plane.
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Table 1: Summary of all M,,AX,, phases known to date. The theoretical density (Mg/m’) is in
bold letters. The a and c lattice parameters (A) are in brackets. Most of this list appeared in Ref. 1.

1B HIA IVA VA VIA
Al Si P S
Ti,AlC, 4.11 (3.04,13.60) Ti,SC, 4.62
V,AIC, 4.07 (3.1,13.83) V,PC (3.216,11.22)
Cr,AlC, 5.24 (2.86,12.8) Ti,SiC, 5.38 Zr,SC, 6.20
Nb,AIC, 6.50(3.10,13.8) 4.52 (3.077,10.91) | (3.40, 12.13)
Ta,AIC, 11.82 (3.07,13.8) (3.0665,17.671) Nb,PC Nb,SC,.,
Ti,AIN, 4.31 (2.989,13.614) 7.09 (3.27,11.4)
Ti,AIC,, 4.5 (3.075,18.578 ) (3.28,11.5) | Hf,SC,
Ti,AIN,, 4.76 (2.988, 23.372) (3.36,11.99)
Ga Ge As
Zn Ti,GaC, 5.53 (3.07, 13.52) Ti,GeC, 5.68
V,GaC, 6.39 (2.93, 12.84) (3.07, 12.93) V,AsC Se
Cr,GaC, 6.81 (2.88, 12.61) V,GeC, 6.49 6.63
Nb,GaC, 7.73 (3.13, 13.56) (3.00, 12.25) (3.11,11.3)
Mo,GaC, 8.79 (3.01, 13.18 Cr,GeC, 6.88
Ta,GaC, 13.05 (3.10, 13.57) (2.95, 12.08) Nb,AsC
Ti,GaN, 5.75 (3.00, 13.3) Ti,GeC,, 5.55 8.025
Cr,GaN, 6.82 (2.875, 12.77) (3.07, 17.76) (331,11.9)
V,GaN, 5.94 (3.00, 13.3)
Cd In Sn
Sc,InC Ti,SnC, 6.36
Ti,CdC | Ti,InC, 6.2 (3.13, 14.06) (3.163,13.679)
9.71 | Zr,InC,7.1 (334, 14.91) Zr,SnC,7.16 |gp Te
(3.1, | Nb,InC, 8.3 (3.17,14.37) (3.3576, 14.57)
14.41) | HEInC, 11.57 (3.30,14.73) Nb,SnC, 8.4
Ti,InN, 6.54 (3.07,13.97) (3.241,13.802)
Zr,InN, 7.53 (3.27,14.83) Hf,SnC, 11.8
(3.320,14.388)
Hf,SnN, 7.72
(3.31,14.3)
TIi Pb Bi
Ti, TIC, 8.63 (3.15,13.98) Ti,PbC, 8.55
Zr,TIC, 9.17 (3.36,14.78) (3.20,13.81)
HE,TIC 13.65 (3.32,14.62) Zr,PbC,9.2
Zr,TIN, 9.60 (3.3,14.71) 3.38,14.66

HE,PbC, 12.13
(3.55,14.46)
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Figure 2: HRTEM image of Ti,AIN,, along [110] zone. The simulated contrast (thickness
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of the rock salt structure (Fig. 3c). In the case of Ti,SiC,, the transformation is associated with a
15 vol. % shrinkage. As discussed in section 8, this transformation is more than academic; it is
one of the preferred modes by which Ti,SiC, reacts and decomposes

Given the close similarities of the structures of the My,,AX, and MX phases, it is not
surprising that an excellent, almost one-to-one, correlation exists between the a-lattice
parameters' of the former, and the M-M distances in the corresponding MX binaries, d,,,,'* (Fig.
4a)'. The inclined line in Fig. 4a has a slope of unity, which implies that for the most part, the
correlation is excellent. For reasons that are not clear the Cr-containing ternaries (far left of
figure) represent the only exception. A possible explanation could be that Cr is the only
transition metal listed in Table 1 that does not crystallize in the rock salt structure. The M-M
distances for Cr plotted in Fig. 4a are for Cr,C,.

Figures 4b and ¢ plot the dependence of the c-lattice parameters of the ternary phases on d,,
and d,, the diameter of the A-group element. From these two figures the following salient points
are noteworthy:

* The P, S and As-containing ternaries have significantly shorter c-lattice parameters than the

Ge ones, which, in turn, are lower than those of the remaining compounds (Fig. 4b).

* For each A-group element, the c-parameter increases linearly with increasing d,,,, (Fig. 4b).

* The c/a ratio for the 211’s range from 3.5 to 4.6, with the lowest values belonging to the P, S

and As-containing ternaries, followed by those for Ge, etc. The simplest explanation is to

assume the ternaries to be interstitial compounds in which the A- and X-atoms fill the

interstitial sites between the M atoms. In such a scheme, the c-parameter, comprised of 4 M-

layers per unit cell, should be =~ 4 times the a-parameter, which is turn is = d,,,,. In other

words, the 211’s should have a c/a ratio of = 4, as observed. Similar arguments for the 312’s,

with 6 layers of Ti atoms per unit cell, predict a ratio of =~ 6; the 413’s a ratio of = 8. The

actual c/a ratios are, respectively, =~ 5.8-6'""* and 7.8 ', supporting the notion of interstitial
compounds.

* The relationship between the c-parameter and d, is more complicated, highly nonlinear,

and separable into three regimes (Fig. 4c). For d, < 2.5 A the c-lattice parameters are

relatively small and increase slightly with increasing d,. Around 2.5 A, there is strong,
almost step-like, dependence of the c-parameter on d,. For d, > 2.5 A, with the exception of
the Nb, and maybe the Ti-containing ternaries, the c-lattice parameters are more or less

independent of d,. Even for the latter two, the dependence is much weaker for d, > 2.5 A.

The most likely explanation for these observations is that for d, < 2.5 A the A-atoms are

small enough to allow for the formation of d-d bonds between the M-layers on either side of

them (Fig. 5¢). Presumably, for d, > 2.5 A these bonds do not form, or if they do are weak,
and the c-axis increases accordingly. Supporting evidence for this conjecture is shown in Fig.
4d, in which the width of the A-atom sandwich (see Fig. 1a), dy, is plotted versus d,. For the

211’s, the former is related to d_ and ¢ by™:

c=2d.+2dy

where d..is defined in Fig. 1a (i.e. d. = a\/+3, where a,,, is lattice parameter of MX’s). The

assumption made here is that dy for the binaries and ternaries are identical, which is a good

! The results shown in Fig. 4a include the 211, 312 and 413 phases.
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assumption™. Also plotted on the same figure, as a cross-hatched band are the d\. distances in
the binaries, which clearly separate the S, P and As compounds with dy < dy.y, from the rest of
the ternaries for which dy > d,,,. These conjectures notwithstanding, more work is needed to
better understand the relationship between ¢ and d,.

Finally it is important to note that in addition to the list shown in Table 1, the number of solid
solution permutations and combinations is obviously quite large; roughly a quarter of the
periodic table could, in principle, come into play. It is possible to form solid solutions on the M
sites, the A-sites and the X sites and combinations thereof. A continuos series of solid solutions,
Ti,AlC,g,N,, where x = 0 to ~ 0.8, occurs at 1490 °C'?, Furthermore, we have preliminary
results that indicate that Ti,SiC, and Ti;AlC, also form a complete range of solid solutions. Solid
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solutions also form on the M-sites. Amongst the ones known to exist are: (Ti,Cr),AIC'",
(Ti,V)SC**'7, (Nb,Zr),AlC, (Ti,V)AIC, (Ti,Nb),AIC, (Ti,Ta),AIC, (V,Nb),AIC, (V,Ta),AlC
and (V,Cr),AlC". Interestingly enough, it has recently been shown that there is little solubility
between B and C in the Ge-containing ternaries'”®. The generality of this result remains an
outstanding question at this time.

3. THEORETICAL MODELING

Before delving in the details of some recent ab initio calculations for Ti,SiC, and some of the
other ternaries it is instructive to review the electronic structures of stoichiometric TiC and
TiN'*'13in which it is well established that all three main types of bonding, metallic,
covalent and ionic exist. In both compounds, there is a non-vanishing density of states, DOS, at
the Fermi level, E.. For TiC, E; falls in a local minimum; for TiN, E; is pushed into the higher
energy Ti d-d orbitals. The ionic contribution to the bonding results from a partial charge transfer
from the Ti to the non-metallic element.

Three main types of covalent bonds have been identified in TiC and TiN. The lobes of the
Ti,, orbitals extend towards the neighboring non-metal atoms and can form pd, bonds with the
2p orbitals of the neighboring non-metal atoms (Fig. 5a). The lobes of the Ti t,, orbitals are
capable of forming pd, bonds with the 2p orbitals of the adjacent non-metal atoms (Fig. 5b).
These interactions are mostly bonding. Lastly, the same lobes can form metal-metal dd, bonds
with t,, orbitals of adjacent Ti atoms (Fig. 5¢). This type of bonding occurs primarily at energies
above E; for TiC, and near E_ for TiN.

pdg bonds pd,; bonds

(a) (b) (©)

Figure §: Schematic representation of: a) pd, bonds between Ti e, and non-metal 2p orbitals in the
(100) plane of NaCl structure; b) pd, bonds between Ti t,,, and non-metal 2p orbitals; c) dd,, bonds
between Ti Ti t,, orbitals. In all cases, the non-metal atoms are located at the center of each edge.
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Not much exists along the lines of ab initio calculations for the M,,,AX, phases. The first
paper to tackle any of them (Ti,SiC,) was published late in 1998'. Since then the number of
papers on the subject has increased'>*'*®. To date the most active groups working on the subject
are those of Medvedeva, Ivanovsky et al."®'* and Zhou and Sun'**'*, The former use the full-
potential linear-muffin-tin-orbital (FLLMTO) method; the latter, a linear combination of atomic
orbitals, LCAQ, approach.

Not surprisingly there are many similarities between the electronic structures of the ternary
phases and the corresponding binaries. There are, however, some important differences. The
following conclusions, pertaining to Ti;SiC, and Ti,AlC,, are based on the work of Medvedeva et
al.'"*" They are:

* In both compounds there is substantial overlapping of the bonding and anti-bonding

orbitals near E,. The largest contribution comes from the 3d states of the Ti, atoms' in the

vicinity of the Si (Fig. 6a) or Al layers (Fig. 6b).

* Similar to TiC, the p-d interactions between Ti and C atoms are quite strong (Figs. 7c).

* The interactions between the Ti, and Si or Al atoms (Fig. 7d) are weaker than the Ti ;-C

interactions.

¢ The ionic component results from a charge transfer from the Ti to the other atoms. The

effective charges of the muffin-tin spheres for Ti,AlC, are'*: Ti;, + 0.21e; Tiy, + 0.28e; Al, -

0.22e¢ and C, - 0.26 ¢. The corresponding values for TiC™' calculated by the FLMTO method
are: Ti, - 0.36e; C + 0.43e; in TiN; Ti, - 0.32e; N, + 0.46e. And while the absolute values are
comparable, they are, surprisingly, opposite in sign. In Ti;AlC, electrons are transferred from

Ti to the Al and C atoms, while in TiC the transfer is in the opposite direction. In this respect,

it is worth noting that the direction of charge transfer in TiC has not been unambiguously

determined. For example the LCAO models predict a charge transfer from the metal to C'*2,

which is opposite to that of the muffin tin approximation''.

* All models predict an anisotropy to the electrical conductivity.

* For Ti,SiC,, E; coincides with a peak at = 5 states/(eV*unit cell) in the total DOS (Fig. 6a).

In Ti,AlC,, E; falls in a local minimum, and the total DOS is 3.35 states/(eV *unit cell). Both

of these values are in excellent agreement with our measured values®™ ™ (see below).

* Within the basal planes dd, interactions between the Ti atoms play a role in the bonding

(Figs. 7a and 7b). However, the bonds between the Ti, atoms (Fig. 7a) are stronger than those

between the Ti;; atoms (Figs. 7b). The same is true for Ti,AlC,. The reason for this state of

affairs is believed to be a weakening of the Ti-Si and Ti-Al bonds which considerably

strengthens the metallicity of the Ti, 3d bonds. This weakening is believed to occur by a

redistribution of electrons from the Ti 3d-C 2p sub-band into the Ti; 3d, 4s metallic bonds.

The same conclusion was reached for Ti,GeC,"®. At around E;, the DOS originates from

! For sake of consistency, the following notation scheme is used throughout this paper. The M and X-atoms
adjacent to the A-layers are labeled as [; those farther away by II. Note that in the 211, there are 3 unique atoms, in
the 312’s four, and in the 413’s five.
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nearly free electron states of the Ti; atoms. Interestingly enough, symmetry dictates that the

Ti-Ti, bonds be equal in length to the Ti,-Ti, bonds.

Qualitatively the results of Sun and Zhou'**'*® (Fig. 6¢) are comparable to those of Medvedva
et al. Quantitatively, however, their N(E;) is of the order of 50-60 states/(eV *unit cell)'**'*;
values that are simply too high, and not supported by experiment. At the other extreme their
DOS values at E;. for Ti,AlC and Ti,AIN are quite low" and comparable to stoichiometric TiC.

Partial support for the conclusions of the ab initio calculations can be found in recent X-Ray
photoelectron spectroscopy, XPS, measurements™™ on Ti,SiC,, Ti;Al, ,C, ¢ and Ti,AIN,,
summarized in Table 2. The salient points are:

* The Si 2p level in Ti;SiC, occurs at 98.5 eV; a value substantially lower (i.e. less bound)
than in bulk Si (99.5 eV), SiO, (103.5 eV), SiC (100.5 eV) or Si;N, (101.8 eV). This indicates the
relative weak bonding of Si to its surroundings.
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Figure 6: Total (top) and local DOS’s for a) Ti,SiC, from Ref. 133, and b) Ti,Al, ,C, ; from Ref.
135 and; c¢) Ti,SiC, from Ref. 136. The x-axis in ¢ is drawn on the same scale as the one in a.
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Figure 7: Charge density distribution, according to Ref. 133, in: a) (100) monolayers
composed of Ti; atoms; b) Tijatoms; c) Ti,-C-Ti; layers, and; d) Ti-Si-Tj, layers.

* The binding energies of Al in the Ti;Al, ,C, ¢ and Ti,AIN, structures, (= 72 eV) are nearly
1 eV higher (i.e. better bound) than those in pure Al. This despite the fact that the Al-Al bond
lengths in the ternaries (= 3.0 A) are longer than the ones in pure Al (2.863 nm). This is
strong evidence that the enhancement in bonding of the Al atoms results from their bonding
to the XTi, blocks, and not from bonds formed between them.

* Not surprisingly, the binding energies of the C atoms in the 312 structures are quite
comparable to each other and to those in stoichiometric TiC. The same is true for the binding
energies of the N atoms in Ti,AIN, , and stoichiometric TiN.
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Table 2: Binding and kinetic energies for TisSiCy, TisAIC,, Ti;AIN; and related compounds’>™*

XPS/XAES features (eV)
Compound  Sior Al (2p) Sior Al (KLL) Ti (2p) CorN(1s)
Carbides
Ti3SiC, 98.5/102.3 1617.4/1610.6 454.0 281.0
Ti;AlC; 71.9 13934 4545 281.5
TiC - - 454 4 281.6
Nitrides
Ti;AIN; 72.0 1393.7 4547 396.9
TiN 455.5 396.7
AIN 74.1 1388.6 3973

* The binding energies of the Ti atoms in the 312’s are comparable to each other and to those
in stoichiometric TiC. The binding energies are also quite comparable to those in metallic Ti
(454.0 eV). Why the binding energy of Ti in stoichiometric TiN is about 1 eV higher than
413, despite the fact that the Ti-N bond lengths in the TiN are longer (Table 3) is not clear at
this time.

* The Al and N atoms are better bound in AIN than in the ternaries.

As discussed in the next section, the XPS results are in good agreement with the structural results
as determined from Rietveld analysis of neutron and X-ray diffraction, XRD results.

4. THERMAL PROPERTIES

Further evidence for the conclusions reached above are presented in this section in which
the thermal properties of some of the ternary compounds are reviewed in detail.

4.1 Rietveld A sis of Room Temperature Neutron Diffraction Data

The merits of the FLMTO model can be appreciated by a comparison of the various bond
lengths in Ti,SiC, and Ti,AlIN,, determined from Rietveld analysis of room temperature ND data
summarized in Table 3*7. Also included in the table are the bond lengths for Ti,AIN*
stoichiometric TiN and TiC'#, Ti, Si and Al. These results indicate that:

* On average, the Ti-X bonds in the ternaries are slightly shorter than the corresponding

stoichiometric Ti-X bonds in the binaries. This is an important result, the full implications of
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which will be discussed shortly.
¢ In both Ti;SiC, and Ti,AlIN,,, the Ti-X bonds are shorter than the Ti,-X. The fact that the
Ti,-Nj; bonds are longer, and thus presumably weaker than the Ti—N, bonds is consistent with

Table 3: Bond lengths (A), from Rietveld refinement of neutron powder diffraction data of
Ti,AIN,* and Ti,SiC,”. Also included are bond lengths for Ti,AIN, TiC, TiN, Ti, Al and Si.

Compound Atoms Bond Length (A)
TidI) - N(D 2.141(2)
Ti(II) - N(I) 2.093(2)
Ti(I) - N(I) 2.080(2)
Ti,AIN, o TiII) - Ti(Il)* 2.988°
[Ref. 63] TidI) - Ti(D)* 2.913(4)
Ti(1) - Ti(D)* 2.988"
Ti(D) - Al 2.818(3)
Al — Al 2.988"
Ti—-N 2.087
. Ti-Ti* 2.994
;{ﬁl: Ti~Ti¢ 2.910
Ti - Al 2.823
Al - Al 2.994
Ti() -C 2.085(2)
Tidll) - C 2.1814(8)
. Ti(I) — Ti(I)* 3.06557(6)
Ti,;SiC, . . e
[Ref. 77] T'1(I) - T1'(II) 2.9634(2)
Ti{Il) - Ti(II)* 3.06557(6)
Ti(I) — Si 2.693(2)
Si-Si 3.06557(6)
TiC™* Ti-Ti 3.062
(stoichiometric) Ti-C 2.165
TiN Ti—Ti 2.997
(stoichiometric) Ti-N 2.12
) 2.951*
Ti Ti-Ti 2 087"
Al Al—Al 2.863
Si Si-Si 2.352

*distance between atoms within a layer
tdistance determined due to special positions (1/3, 2/3, z)
“distance between atoms in different layers
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the independently obtained evidence that the N-vacancies occur preferentially on the N, sites®.

This somewhat surprising result is not totally understood at this time. According to the

FLMTO calculations, and as a result of the relative weakening of the Ti-Si bonds, the

bonding between the Ti, atoms within the basal planes is stronger than that between the Ti;

atoms (Figs. 7a and b). A similar charge transfer into the Ti-C bonds could explain this
observation as well.

* The Ti;-Ti; distances in Ti,AIN, , and Ti,AIN are comparable and shorter than those in Ti;SiC,.

* The a-lattice parameters of the ternary phases are almost identical to the M-M distances in the

corresponding stoichiometric MX compounds, in agreement with the preceding discussion

(Fig. 4a).

* Despite considerable overlap between the Ti d and Si p-orbitals (Fig. 6a) the Ti-Si distance

in Ti,SiC, (2.685 A) is substantially longer than the ideal Ti-Si covalent distance (2.54 A) but

shorter than the corresponding distance in TiSi, (2.76 A). This indicates that the Ti-Si bonds
along the c-axis are stronger than those in TiSi,, which melts at 1470 °C.

* The Si-Si distance in elemental Si (2.3532 A) is considerably shorter than the Si-Si distance

in Ti;SiC, (3.0656 A). Consequently, and in contrast to the FLMTO calculations that suggest

otherwise'”, the presence of Si-Si bonds in Ti,SiC, is highly unlikely. Similarly, the Al-Al
distances in pure Al are shorter than those in Ti,AIN,,.

Further insight into the bonding can be gleaned from analyzing the temperature
dependence of the equivalent isotropic, U, atomic displacement parameters, ADPs, of the
unique atoms in Ti,SiC, and Ti,AIN,, listed in Table 4 and shown in Figs. 8a and b,
respectively””*®. The ADP is a measure of the mean-square displacement amplitude of an atom
about its equilibrium position. At all temperatures, but especially at the higher temperatures, the
amplitudes of vibration of the Si and Al atoms are considerably higher than the Ti or X atoms
(Figs. 8a and b). Furthermore, at all temperatures, the amplitudes of vibrations of the Si atoms
are higher than those of the Al atoms (Table 4 and Fig. 8). This is consistent with the lack of
restraint, or absence of bonds, along the a-axis in the case of the Si atoms.

The thermal ellipsoids (99% probability) at room, and elevated temperatures for Ti,SiC,
(Figs. 9a,b) and Ti,AIN,, (Figs. 9c and d) are also instructive. From these results it is clear that
the vibrations of the Ti and X atoms are comparable, and lower than those of Si and Al. At the
highest temperatures examined (Figs. 9b and d), the Si and Al-atoms vibrate more along the a-
axis that along the c-axis once again consistent with the idea that there is little bonding between
the Si or Al atoms themselves.

The room temperature U, values for stoichiometric TiC and TiN'*!*’ are also listed in Table
4. On average (last row in Table 4) ﬁeq of the atoms in Ti;SiC, are comparable to those in

stoichiometric TiC; this is true even when the amplitudes of vibration of the Si atoms are
included In contrast, the average Ueq at room temperature of Ti,AIN,, are, not only

significantly lower than those in stoichiometric TiN'**'*, but even lower than the corresponding
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values in stoichiometric TiC"*'* (Table 4); here again even when the values for the Al atoms are
included. This once again reflects the strengths of the bonds in these solids.
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Figure 8: Temperature dependence of U, for the unique atoms in: a) Ti,SiC,”, and b) Ti, AIN,*®
structures.

Table 4: Summary of room temperature U, (A? for Ti,SiC,, Ti,AIN,,, stoichiometric TiC
and TiN.

Atom Ti,SiC, (Ref. 77) TiC Ti,AIN,, (Ref. 98) TiN
Ti, 0.0057(6) 0.0033"* 0.0029(6)
Tiy 0.0029(9) 0.0026(7
Si or Al 0.0080(6) 0.0044(8)
Cor N, 0.0038(3) 0.0056" 0.0036(3)
N, 0.0046(4)
Average 0.005 0.0045"* 0.0034 0.0083'

The Debye temperature, 8y, is related to I_Jeq ’s by the following equation'®.

6eh° () 1
D= = {—+} ey
81r2mk}3U,:2q x 4
where k3, h, m and E are, respectively, Boltzmann’s and Planck’s constants, the molecular weight
and the number of atoms per formula unit. x is the ratio of 6, to the absolute temperature and:

1°. ¢
== (=2 2
¢(x) M i @

The 0,’s of Ti,SiC, and Ti,AlIN,, estimated from the Ueq, averaged over all temperatures are

listed in the last column in Table 6. These values, while still quite high, are = 12 to 15 % lower
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than the 6,’s calculated using other techniques (see below). It should be noted that Eq. 1 is
strictly applicable only to a cubic crystal containing only one atom. Nevertheless, it is useful for
comparison purposes, especially if the structures compared are similar or related.

25°C o -
N e - s,"-;f'gf.L-r' y
\ ¢ 0 rey |

Figure 9: Thermal ellipsoids (99% probability) of atoms: a) Ti,SiC,” at 298 and, b) 1173 K; ¢)
Ti, AIN,® at ¢) 298 and d) 1367 K. The dotted lines outline one unit cell.
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In summary, both the XPS and ND results suggest that the A-atoms are strongly bonded to
the XTi, blocks via, presumably, p-d overlap out of the basal planes, and not through bonds in
the basal planes. This overlap is stronger in the Al-containing ternaries than in Ti,SiC,. Whether
these conclusions extend to the other My, AX,, compounds, especially those in which the A-
atoms are large (e.g. Sn, Pb, In, etc.) is unknown at this time. More ND work is indicated and
should be carried out.

4.2 Heat Capacities, Thermodynamic Parameters and Thermal Stability

The molar heat capacities at constant pressure, c,, of Ti;SiC,”, Ti,AIN,,® and Nb,SnC'® in
the 300 to 1300 K temperature range are plotted (open symbols) in Fig. 10. The results for
Ti,AIC'* are almost indistinguishable from those of Nb,SnC and are not shown. The gray lines
represent the best fit of the experimental points using the Debye model. Also plotted in Fig. 10,
as filled symbols, are the data corresponding to (N+1) x ¢, of the corresponding MX binaries.
The two sets of results are almost indistinguishable, which implies that as a first approximation,
the entropy content of the binaries and ternaries are comparable. The latter can thus be used until
the thermodynamic parameters of the ternaries are independently measured.

Furthermore, since on average the bond distances in the ternaries and the corresponding binaries,
are comparable, it follows that as a first approximation, the standard free energies of formation of the
ternaries, AG®; are (N+1) times those of the corresponding binaries'*. In other words:

AG (My,;AXy) = (N +1) x AG® (MX) 3

Only two reports exist in the literature for the experimental determination of AG®*'% of
Ti;SiC,. The reliability of the earlier results'®, is suspect, however, since they predict an
increase in the stability of Ti;SiC, with increasing temperatures. In a more recent paper, Du et
al.*, using a combination of theoretical modeling and experimental observations, concluded that
AG®; of Ti,;SiC, from the elements is:

AG®; (kJ/mol) = - 547,145+ 24.84 T ()]

Their results are listed in Table 5, together with 3 times those of TiC in the 300-1500 K
temperature range. The two sets of results are quite close; the maximum deviation being 2.5 % at
1500 K. Thus, based on one datum point it appears that not only are the entropies of the ternaries
and binaries comparable on an absolute scale, but their AG°®’s as well. Whether this is a general
conclusion that applies to the other ternaries as well will require further experimentation. These

Table 5: Comparison of temperature dependence of AG®; (kJ/mol) for Ti,SiC,, and 3 times AG®;
of stoichiometric TiC and difference between them.

Temp., K 300 500 700 900 1100 1300 1500 | Ref.
Ti,SiC, -539.7 | -53477 | -529.76 | - 524.8 | -519.8 | -514.85 | -509.9 | 46
3xTiC -541.2 | -534.1 | -52749 | -521.1 | -514.7 | - 506.46 | - 497.46 | 144

% difference | -0.28 0.11 0.43 0.7 1 1.65 2.5
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caveats notwithstanding, and until the thermodynamic parameters of the ternary compounds are
measured, a good approximation is to use the corresponding parameters for the MX binaries
multiplied by the appropriate (N+1) factor

The M,,,AX, ternaries do not melt; rather they decompose peritectically according to the
following reaction:

M, AX, = M X +A 3

The decomposition temperatures vary over a wide range; from =~ 850 °C for Cr,GaN® to
above 2300 °C for Ti,SiC,*. The decomposition temperatures of the Sn-containing ternaries
range from 1200 to 1400 °C**, and appear to scale with the melting point of the corresponding
MX phases (see Fig. 11). Given the stability of the My, X, blocks and the fact that the A-layers
are relatively loosely held in the structure, this result is not too surprising.

Another complicating factor that is important to appreciate and that has caused, and is still
causing, considerable confusion in the literature is that the decomposition temperature is a strong
function of impurities, both metallic impurities like Fe or V%, as well as non-metallic impurities
such as O. This sensitivity to impurities could partially explain the misconception that Ti,SiC,
was unstable above ~ 1450 °C*>%*,
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Figure 10: Temperature dependencies of ¢, of Ti,AIN,,*, Ti,SiC,”, and Nb,SnC'®, represented
by open symbols. Filled symbols are the corresponding c, values for the MX compounds
multiplied by the appropriate (N+1) factor in My,,AX),. Solid gray lines are best fits using the
Debye model. b) Low temperature c, data plotted as c/T versus T” (see text).
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4.3. Low Temperature Heat Capacity

In the 2 to 15 K temperature range c, monotonically increases with increasing temperature.
When replotted as /T versus T? (Fig. 10b), a linear fit representing:
c/T = y+ BT?
prevails, confirming that,
¢, = YT + BT (&)

as expected for well behaved metallic-like conducting materials. The parameters y and B, are the
coefficients of the electronic and lattice heat capacities, respectively. Table 6 compares these
parameters for Ti,SiC,, Ti,Al,,C, ¢ and Ti,AIN,,*®, with some other Ti-containing solids. The
values of y range from a high of 8.12 mJ/mol*K? for Ti,AIN,,, to a low of 4.48 mJ/mol*K? for
Ti;Al, |C, . The B values range from a low of 0.026 mJ/mol*K for Ti,Al, ,C,, to a high of 0.05
mJ/mol*K for Ti;SiC,. The low temperature c, of Ti,SiC, was measured twice; in the first
measurement”, a higher B value was obtained than in a subsequent measurement™, The latter is
deemed more accurate.
Following the free electron model, y is related to N(E;) by:

3
N(Ep) = nz—lzg 6)

Based on the results shown in Table 6, the N(E;) values are 3.8 (eVeunit cell)”' for Ti,Al, ,C,
and 6.9 for Ti,AIN, (eVeunit cell)’, the former in excellent agreement with the results of the
FLMTO calculation'. Qur first determination of N(E;) for Ti,SiC,, yielded 4.4 (eV *unit cell)”,
the second®, yielded 5 (eVeunit cell)’; both values again in excellent agreement with the
theoretical values of 476" (eVeunit cell)" and 5.55'% (eVunit cell)'.

According to Fig. 6, the Fermi level is located in the d-d Ti band and it is thus instructive to
normalize the DOS’s of the ternaries to a per Ti atom basis. When thus normalized (column 5 in
Table 4), the range in DOS values narrows significantly (0.63 to 0.86 (eV*Ti atom)™'). These
values are roughly half those for Ti metal'* (1.43 (eV*Ti atom)™). Also included in Table 6, are
the DOS values for stoichiometric TiC and TiN. The N(Ey) for the former is quite low (< 0.025-
0.1 (eV Ti*atom)') because, as noted earlier, E;. falls in a minimum of the DOS function'"'*,

- The characteristic Debye temperature, 0y, is related to f§ by:
6 - 12x*N,, Ek,
58
where N, is Avogadro’s number. Accordingly, with & = 5.9 for Ti,Al, ,C, 4, a 0, value of 764 K is
obtained; the corresponding values for Ti,AIN,, and Ti,SiC, are, respectively, 779 and 715 K.
These 6, values (column 7, Table 6) are in fair agreement with the 0, values found from elastic

N

constant measurements (column 8; see below) and from the Rietveld analysis of the ND scattering
(last column) results discussed in the previous section. As is typical for many solids, the Debye
temperatures calculated from elastic constant measurements are higher than those from the ND

scattering, with those calculated from low temperature c, measurements in between'*'?.
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Table 6: Parameters derived from low temperature ¢, measurements. Unless otherwise noted the
results are taken from Ref. 88. Also included are the various values of the Debye temperatures
derived from other methods and other Ti-containing compounds.

Y N(E;) ]I‘fl(l‘jg) N(E;) B % (K)
Material | (mJ/mol | (eVe unit " | (eVeTi | (mJ/mole
K?) . (eVe umt B K) Low T | Acou- HT
cell) cell)” atom) c, stic ND
Ti,AL C,, | 448 38 335% | 063 0026 | 764 | 758" ]
Ti,AIN,, | 812 6.9 - 0.86 0.033 779 | 762" | 682%
5215 442 | 48" | 07135 | 00507 | 6207
PR 78091 i
TiSiG 59 5 555 | 083 0.032 715 608
Ti 336 143" | 0026 | 420'®
0.025-
TiC,, <1 0.1-0.5'2 | ~ 03 2 8452 | 940\
0.125
TiN 2533 | 425562 | ~09' | 1.1-14 636

Clearly, one Debye temperature representation for an anisotropic, multi-element material
is an oversimplification. This caveat notwithstanding, the 8, values for the 312’s and 413’s are
significantly higher than those of Ti or Ti,Al, and comparable to those for TiC,, (Table 6). This
must reflect the partial, but significant, covalent and ionic character of the Ti-Ti, Ti-C or Ti-N
bonds in the ternaries. To be further noted, the 8, value for pure Ti is already amongst one of the
higher ones in metals and alloys.

The only 211 phase for which the ¢, has been measured at low temperatures is Nb,SnC'®.
The results are shown in Fig. 10b. Not surprisingly, reducing the number of M-X-M layers to
one, from two or three, results in a significant decrease in the Debye temperature (315 K). The
DOS per Nb atom (0.66 (eV*Nb atom)™’) is ~ 5 times smaller than the corresponding value in
elemental Nb'*,

4.4. Thermal Expansion

The bulk dilatometric thermal expansion coefficients, TEC’s, of the ternaries measured to date
are listed in Table 7; they range from a low of ~ 7.5, to a high of 10.5 x 10° K. Interestingly
enough the highest value is that of the quaternary compound”, TiAlC,,N,.. This value is
significantly higher than the TEC’s of the end members and, as discussed below, is a strong
indication for the presence of a solid solution softening effect in this system at higher temperatures.

For a given A-element the TEC’s of the ternaries scale with those of the corresponding MX
binaries. This is obvious from Fig. 11, in which the TEC’s of the Sn- and Pb-containing ternaries

and corresponding binaries, MC’s, are plotted versus the melting point of the latter'®,
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Once again given the structural similarities, such a correlation is not surprising. Furthermore,
since the TEC’s of the ternaries are higher than their corresponding binaries, this implies the M-
A bonds are, on average, weaker than the MC bonds; again no surprises.

Table 7: Summary of dilatometric thermal expansion results. (x 10° K'') The uncertainty for most
the values is + 0.2.

Compound TCE Compound TCE Compound TCE
Ti,AIC 8.8 Ti,AIN 8.2 Ti,AIN,.C, 5 10.5
Ti,SiC, 9.1 Ti,AIC, 9.0 Ti,AIN,, 9.7
Ti,SnC 10 Zr,SnC 8.3 Nb,SnC 7.8
Hf,SnC 8.1 Zr,PbC 8.2 Hf,PbC 8.3
NbAIC 7.5 (NbTHAIC 8.5
Ti Zr Nb Hf

~ 1 | 1400 g

- 8

N | g

= 0L 1300 =

2 =

B J41200 ®

g oL O Sn—temar?es Q"

5 ¥ Pb-ternaries

£ gl

8

3] !

=

E 7 Binaries

L

<= L

=

6 AT VO S KT UNOr U T N N ST SR S N W S S 1
3000 3250 3500 3750 4000

Melting Point of Binary Carbide (°C)

Figure 11: Thermal coefficients of expansion, TCE’s, of Sn- and Pb-containing M,AC phases in
the 25-1000 °C temperature range® plotted as a function of melting points of corresponding
stoichiometric MC’s. Also plotted (lower line) are the TCE’s of the latter. Uppermost curve is a
plot of the decomposition temperatures of the Sn- and Pb-containing M,AC phases™.

To gain further insight into the thermal expansion behavior of these ternaries the lattice
expansions along the a- and c-directions for a number of ternaries were calaculated from high
temperature diffraction experiments. The results are summarized in Table 8, from which one can
conclude that:

* Along the c-axis, the Ti-C bonds in Ti,AlC'* are weaker than the Ti-N bonds in Ti,AIN. The

opposite is true along the a-axis. The same reversal is also apparent when Ti,SiC, and Ti,AIN,

are compared. This is further evidence for the strengths of the Ti-Al bonds in the c-direction.
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* The bulk TEC’s of Ti,AlC and Ti,AIN are comparable, but the nitride is more isotropic.

* The Ti-C bonds along the a-axis are weaker in Ti;SiC, than in Ti,AlC. In either case, these

bonds are comparable, and maybe even slightly stronger than those in stoichiometric TiC.

* Despite the differences in structure, it is reasonable to conclude that along the c-axis the Ti-

Si bonds in Ti,SiC, are weaker than the Ti-Al bonds in Ti,AIN,; a conclusion corroborated

by the XPS and structural results (Tables 2 and 3).

* On average, the bonds in Ti,AIN are not only distinctly stronger in the a- and c-directions

than those in Ti,AIN,, but must also be stronger than the bonds in stoichiometric TiN. The fact

that the replacement of N by Al in TiN enhances the bonding, despite the fact that the number

of valence electrons is reduced by two, is important because it strongly implies that some of the

electrons in stoichiometric TiN are residing in anti-bonding orbitals''. Presumably, the

replacement of the N atoms by Al reduces the number of electrons in the anti-bonding orbitals

further stabilizing an already stable structure.

The reasons for all of these observations are not totally clear at this time, but must be
ultimately be traceable to the intricacies of the bonding mechanisms, especially those between
the Ti and Al planes. This is obviously a very fertile field of theoretical modeling and research.

Table 8: Summary of thermal expansion results determined from XRD and ND for select ternary
phases. Also shown are the values for TiC and TiN.

Compound TiL,AIC*® | Ti,AIN® | Ti,SiC,” | TL,AIN,.® | TiC'*® TiN'®
a,, (K)-1 7.1£0.3 8.6+0.2 8.6 9.6 7.4 935
a,, (K)-1 10+0.5 7.0+0.5 9.7 8.8 7.4 935
Unit cell expansivity 8.1 8.1 89+0.1 94+0.2 7.4 935
Dilatometric 88 82 9.1+02 9.7+0.2

4.5. Thermal Conductivity

The temperature dependencies of the thermal conductivities, ki, of Ti,SiC,”, TiAIC,'™,
TisAIN,,® and Nb,SnC'® are compared in Fig. 12. The highest room temperature conductivity
belongs to TiAIC,; the lowest to Ti,AIN,,, with Ti,SiC, and Nb,SnC in between. The thermal
conductivities of TiAlC, and Ti,SiC, are higher than those of Ti. The slopes of the curves also
vary; they are positive for Nb,SnC and Ti,AIN,,, and negative for the other two.

In general, k,, is given by:

K = k. + Ky ®
where k, and k,, are the electronic and phonon contributions to k.. k., can be estimated from the

Wiedmann-Franz Law:

K, =I:i>£ )

where p is the electrical resistivity at temperature T, and L is the classic Lorenz number, 2.45 x
10° W*Q/K> As discussed below, at temperatures greater than = 70 K, p of the ternaries can be
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Figure 12: Effect of temperature on thermal conductivities of ternary compounds. Also included
are values for pure Ti.

represented by:
p=aT+b (10)
where a > 0, and b is the intercept at O K. It follows that at higher temperatures:

Kk, = ol an

aT+b

Using the electrical resistivity values and their temperature dependencies (Table 10), it is
straightforward to determine the various parameters listed in Table 9. Also listed in Table 9 are
the corresponding parameters for near stoichiometric TiC,, TiN, and NbC, for comparison. At
room temperature, the Wiedmann-Franz Law is not applicable to Nb,SnC, nor, for that matter to
NbC (see Table 9). To calculate the room temperature k,, values for Nb,SnC, it was assumed that
the Wiedmann-Franz Law was applicable at the higher temperatures (which is a good
assumption for the binary carbides and nitrides'”) and that, like Ti,AIN,,, the phonon
contribution to k., was, as a first approximation, temperature independent.

Note that if the residual resistivity at O K is high, i.e. b> 0, (e.g. Ti,AIN,, or Nb,SnC in Fig.
13a and b, respectively), then k, must increase with increasing temperatures and vice versa. It
follows that if k., is a weak function of temperature, the slope of k,,, with temperature would be
that of k.. This explains why k., for Ti,AIN,, or Nb,SnC increase with increasing temperatures,
while for Ti,SiC, for which b = 0 (Fig. 13a), it is almost temperature independent.

It is fairly well established that for the binary tramsition metal carbides, the phonon
contribution to k,,, is much lower than one would expect based on their elastic stiffnesses; a
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discrepancy now understood to result from strong phonon-point defect interactions'*'*. This is
especially true when it is appreciated that it is difficult, if not impossible, to fabricate MC,
samples with x = 1; X in the best single and polycrystals is =~ 0.96'"'*, A perusal of Table 9
indicates that in general, a similar problem arises for the ternary phases; the k, are relatively low
for solids of their stiffnesses. For example, k, of Ti,SiC, at room temperature almost vanishes.
However, since Ti,SiC, is quite stiff, and believed to be a line compound with few point defects
(see next section), the reason for the suppression of k, cannot be point defects, and must lie
elsewhere.

The results listed in Table 9 can be understood by making the following hypothesis: Since
the A-group elements are relatively weakly bound in the structure, they are most probably potent
phonon scatterers. It is useful in this context to think of the A-group atoms as “rattlers”, defined
as atoms that vibrate about their equilibrium position more than the other atoms in the structure
(Fig. 8a). The simplest expression for k,, is:

kp=13c¢, v, A 12)
where c,, v, and A, are respectively, the heat capacity per unit volume, the mean velocity of sound
and the mean free path of the heat carrying phonons. If the rattlers are truly localized oscillators (or
Einstein oscillators), it follows that A should be the distance between the rattlers'>>'*. For Ti,SiC,
at room temperature, v,, =~ 6000 m/s (Table 12), k,, ~ 1 W/m*K, and ¢, = 2.3 J/em’*mol. It
follows from Eq. 12 that A = 2.2 A, which is surprisingly, and probably fortuitously, very close
to the Si-Si distance (= 3A) in Ti,SiC,. Repeating the same calculations for Ti,AIN,, yields =
17A; a reasonable result since the Al atoms are better bound in the structure than the Si atom,
and Ti,AIN,, is much more defective. For Nb,SnC, assuming k,, = 5 W/m*K Ais =~ 14 A.
However, since 5 W/m*K must be an upper limit for k ,, this result is again quite reasonable; had
k,;, been 2 W/m*K instead, A would be = 6 A. In the case of Ti,AlC, the situation is less clear

Table 9: Summary of thermal conductivity (W/meK ) results for a number of ternary carbides,
near-stoichiometric TiC,'*'*', TiN, 4" and NbC ',

Com- Ky W/m*K @ 300K 1300 K

pound 300 K 1300 K k, Ko k, Ky
Ti,SiC, 34 33 33 (97%) =1 (3%) 32(97%) | =1(3%)
Nb,SnC 17.5 30.5 12.5% (72) 5% (28%) 25 (82%) 5(18%)
Ti,AIN, o 12 20 2.8 (23%) 9.2(77%) | 10(50%) | 10(50%)
Ti,AlC 46 36 20 (43%) 26 (57%) NA NA

TiC, 33.5'% 39'% 12'°(36%) | 21.5(64%) | 24 (66%) 15 (38%)
TiCyo6 14.4' 33.4% 7.35" (50%) | 7.05 (50%)

TiNggo | 274" | 453 29.43%

NbC, 14'# 214

f To calculate this value, it was assumed that k,, is not a function of temperature and equal to 1ts value at 1300 K,
where it is more likely that the classic Lorenz number is applicable.
11 Since k, > ki, the Lorenz number must be < 2.45x 10° W.Q /K>
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since A ~38 A, but here the case can be made that the Al atoms are so well bound in structure as to
no longer act as “rattlers”.

Evidence for strong scattering by “rattlers” and point defects is multifold and, referring to
Table 9, includes the following observations:

* The majority of the heat in Ti,SiC, and Nb,SnC is carried by electronic defects, and the

absolute value of k, is quite small (=~ 1 to 5 Wem K). The contribution of defects to

phonon scattering in the case of Nb,SnC cannot be discounted at this time. The residual
resistivity of Nb,SnC is relatively high (Fig. 13b) indicating a defective crystal.

* The replacement of the Si atoms in Ti;SiC, by C to form TiC, atoms enhances Kk, from = 1

to at least 7 Wem' K.

* Replacing the Si by Al atoms to form Ti,AlC results in a more than 20-fold increase in k;,

indicating the scattering potency of the Si-atoms relative to the Al-atoms. This conclusion is

believed to be valid despite the structural differences between Ti,AlC and Ti,SiC,.

* The behavior of the Al-containing ternaries, especially Ti,AIN,,, is similar to the MC,

binaries in that k,, increases with increasing temperature and is nearly equally divided

between electron and phonon contributions, with the latter being nearly temperature
independent'**'* (compare TiC, with Ti,AIN,, in Table 9). Given the confirmed presence of

N vacancies in Ti,AIN,,%, it is fair to assume that they also are strong scatterers of phonons.

* Replacing the C atoms in TiC, by Al atoms to form Ti,AlC results in an increase in Ky,

The simplest interpretation is that the ternary has less point defects to scatter the phonons. As

noted above, even in the best single or polycrystals of TiC, the vacancy concentration (= 4

%), is considerably larger than the one in Ti,AIN,, (= 1.25%). Based on stoichiometry alone

it is fair to assume that Ti,AlC has even less defects.

* The phonon conductivity is greater in Ti,AlC than in Ti,AIN,,What fraction of the

phonons are scattered by vacancies, and what fraction is due to scattering by the Al atoms is

unknown at this time. According to the TEC results, however, the atoms are better bound

Ti,AIC than in Ti,AIN,,, which is consistent with the fact k,, of the former is higher.

Clearly more work is needed to validate some of the ideas presented herein. Data for Ky 1D
the 2 to 300 K temperature regime would be invaluable in shedding more light on the problem.
These gaps in knowledge notwithstanding, it is fair to conclude that the thermal behavior of the
M,,,AX,, phases depends on how strongly the A-group layers are bound in the structure: If
weakly bonded, the A layers can be potent scatterers of phonons, in which case the contribution
of k, to K, can be drastically reduced. Furthermore, like in the binary carbides and nitrides,
strong phonon-point defect scattering is operative. Finally, the main reason for the good thermal
conductivities is their good electrical conductivities.
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5. ELECTRICAL PROPERTIES

.1. El ical ductivi

As a class, the M, ,AX,, phases are good electrical conductors, with room temperature
resistivities, Py, that range from 0.07 uQem to 2.7 uQem (Table 10). Like metals, the
resistivities decrease linearly with decreasing temperatures (Fig. 13), and can be best described by:

P (T) = pag [1 + a (T —300)] T>100K (13)
where a is the temperature coefficient of resistivity. Table 10 lists the values of p, dp/dT and a

for a number of ternary compounds. In general, the values are comparable to those of Ti, TiSi,
and Zr (Table 10).
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Figure 13: Effect of temperature on resistivities of; a) Ti,SiC,, Ti,AIN,, and Ti,Al, ,C, ¢, and;
b) Sn- and Pb-containing M,AC phases™.

With the notable exception of Ti,AIN,,, the resistivities of the Ti-containing ternaries are
lower than those of Ti and TiC,. However, the reproducibility in the results vary from compound
to compound and can be separated into two groups. In the first, exemplified by Ti,SiC,, Hf,SnC
and Ti,AIC, the scatter in p and dp/dT is narrow (< 20%), which, in turn, is probably an
indication that these phases are line compounds, i.e. exist over a narrow range of stoichiometry.
This conclusion is consistent with the work of Wakelkamp et al.*® who have shown, and we and
others* have since confirmed, that Ti,SiC, is essentially a line compound.

For the second group, encompassing most of the other compounds listed in Table 10, the
scatter in p and dp/dT is significant. For example, in our initial report on the Sn-containing
ternaries®, we reported the resistivity of Ti,SnC to be 0.07 #Q*m. In our more recent work® the
resistivity, at 0.22 pQem, was more than 3 times higher, for nominally identical samples, albeit
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made months apart. Since these variations are too large to be attributed to experimental error in
the measurements alone, their cause must lie elsewhere. The most likely variables are: i)
variations in stoichiometry; ii) the presence of impurities or second phases and/or, iii) the
presence of quenched-in point defects that could result from varying cooling rates. The latter

Table 10: Summary of electrical properties of ternary carbides and nitrides. Also included are
the corresponding values for Ti, Zr and TiSi,.

Compound Po dp/dT a Temp. Range | Ref.
(nQ-m) uQemeK (K)* (K)

TiAL C.. | 03870007 | 0.00095 0.0024:0.0003 300-850 102

e 0.345 0.00107 0.0031 120-300 9%

TiAIN 2.6420.02 0.0009 0.00034:0.00001 300-620 102

e 2.0 0.0015 0.00075 120-300 62

0.227+0.003 | 0.00075 0.00328:0.00001 300-850 101

Ti,SiC, 0.222 0.00089 0.004 120-300 44

0.21 0.0009 0.0043 298-1073 157

Ti,GeC, 0.22 65

Ti,GeC 0.227 65

0.36 65

TiAlC 037 97

0312 65

TiAIN 0.25% 97

Ti,AlC, N, 5 0322 97

Ti,SnC 0.222 0.00071 0.0032 99

0.07 69

0.28 0.00098 0.0035 99

Zr,SoC 0.143 69

Nb,SaC 0.4 0.00084 0.0021 99

0.25 69

0.45 0.00153 0.0034 99

HI,SaC 0.42 69

Zr,PbC 0.36 0.0052 0.0144 99

Hf,PbC 0.07 0.00044 0.0063 99

TiSi, 0.13 ~ 0.0005 ~0.0038 77-300 158

Zr 0.4 0.00176 0.0044 159

0.465 0.0021 0.0045 77-300 160

Ti 0.492 0.002 0.0041 4-300 159

0.40 0.0017 0.00425 300-1100 161

} Sample was not single phase.
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were not controlled, but in general were quite slow. Furthermore, in these metallic-like
conductor, especially the ones with high N(E;)’s, the concentration of impurities would have to
be quite high to significantly affect the resistivities. It is important to note that the same wide
variations in p and dp/dT are characteristic of the binary transition metal carbides and nitrides'®,
in which case much of the variation has been traced back to variations in vacancy concentrations.
It is thus reasonable to conclude that in the ternaries, the scatter is also due to the creation of
vacancies, possibly as a result of non-stoichiometry. This is especially true given the efficacy of
vacancies in scattering both phonons and electrons in Ti,AIN,, (see section 5.3). These
conclusions notwithstanding, clearly much more work systematic work, as a function of
stoichiometry, cooling rates, etc., is needed in order to better understand the nature of electrical
transport in these ternary compounds.

5.2. and Seebeck Coefficient Meas ents

The room temperature Hall coefficient, R, values for Ti,SiC, Ti,AIN,, and Ti;Al, ,C,¢ are
summarized in Table 11'% For Ti,Al,,C,¢ and Ti,AIN,,, R is positive indicating that the
majority carriers are electron holes. The situation for Ti;SiC, is more ambiguous. In one set of
experiments, R was measured for 4 samples; three gave negative values and one a positive value.
In another set of measurements the Hall voltage was below the detectability limit of our
instrument. These result, strongly suggest, and the Seebeck measurements confirm'®, that
Ti;SiC, is a mixed conductor. At 298K, both positive and negative values of R have been
reported for Ti as well''®, In all cases for TiC,, at room temperature, R is negative'* 164165
With increasing temperatures, R drops, reaches a minimum at ~ 1000 K'®. This behavior was
interpreted as indicating the appearance of hole conductivity.

10 [
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Figure 14: Effect of temperature on Seebeck coefficients of Ti,SiC,'", Ti,AIN,,'® and
Ti,AIN,,'”. Also included are the results for Ti'®,
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The temperature dependence of the Seebeck coefficients, ©, of Ti,SiC,'" Ti,Al,,C,'® and
Ti,AIN,'? are shown in Fig. 14. These results confirm that at room temperature Ti,Al, ,C, ; and
Ti,AIN,, are indeed hole conductors, with the contribution of electrons becoming more
important at higher temperatures. The thermoelectric response of Ti;SiC,, on the other hand, is
unique; © is essentially temperature independent over, at least, the 300 to 850 K temperature
range'®. The simplest interpretation of these results is to assume that: i) concentrations of the
free electrons, n, and electron holes, p, are and equal, and, ii) their respective mobilities are also
equal, i.e. p, = p,. As discussed in the next section this is a key assumption made to decipher the

details of the conduction mechanisms in Ti,SiC,.
5.3. Conduction Mechanis
In principle, and assuming a single carrier model for the conductivity, it is possible to infer

the concentration and charge of the majority electronic species from a knowledge of R and o.
With two carriers the situation is more complicated and the appropriate equations are:

o=e(n Me+pup)2 (14)
P nWo/y) (15)
e (p+n(ue/my)

where u,, u, and e are, respectively, and electron and hole mobilities and the electronic charge.
For Ti,Al, ,C, 5 and Ti,AIN,,, p >> n, and Eqgs. 14 and 15 simplify to, 0 =epp, and R = 1/ep,
respectively. Thus, p and p, are readily calculated (Table 11).

When the R-values are sensitive to small variations in defect structure and/or small
deviations in chemistry, as in the case for Ti,SiC, or Ti (i.e. when the system is in a mixed n/p
regime) R cannot be used to accurately estimate the number of carriers. To solve for the latter,
two assumptions are made'®”. First, and in analogy to the free electron model, n is assumed to be
proportional to the cube of N(E;) expressed on a per unit volume basis. The second assumption
is the one reached in the previous section, viz., n = p and g, = u,. The last step is to compare the
conductivities of Ti,SiC, with the other two. The details can be found elsewhere'®; the results
are listed in Table 11.

Based on these results, it follows that Ti,SiC, is the most conductive because both n and p are
high and both contribute to the conductivity. The slightly lower mobility of the carriers in
Ti,SiC, relative to Ti,Al, ,C,, is probably due to an enhanced scattering of electrons by the Si
atoms relative to the Al atoms. In Ti;Al, ,C, , the conductivity is depressed because the number
of charge carriers is low. A conclusion corroborated by theoretical calculations'* (Fig. 6b) and
experimentally verified®, that show that E; in Ti;Al,,C,; falls in a local minimum in the total
DOS®. In contradistinction, Eg for Ti,SiC, occurs near a local maximum (Fig. 6). Lastly, Ti,AIN,,
is the least conductive, not because of a lack of carriers - its DOS at E;. is higher than either Ti;SiC,
or Ti,Al, ,C, ¢ - but because the mobility of those carriers is low, presumably due to scattering by
the vacancies known to exist in that structure®. It is fairly well established that vacancies in non-
stoichiometric transition metal carbides and nitrides are potent scatterers of electrons'”. Comparing
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Table 11: Summary of electrical transport parameters calculated from room temperature
conductivity and Hall measurements'®. Also included are the results for TiC,.

Rx 10" 100 H,x 10° u, x 10° lpofs IHO); Refs.
m/C | (MQem)' | m?evies™t | m2eyleg! s 3

(m”) | (m”)
Ti,SiC, +0 4.5 = 6% =~ 6% 24 24 102
10%% 103 14 14 102
TLAL C,| 7¢1 | 275:02 | ~19+03 9+1 102
Ti,AIN, | 3.5:1 | 023105 | 08+03 18+5 102
TiCpors | - 155 0.57 89.6 04 | 162
TiCh | -150 | 0613 % 042 | 162
TiCq o - 166 0.735 122 0.38 162
TiC, o0 | - 150 1.05 158 04 | 162
TiCps | -261 0.645 168 024 | 147
TiC,o, - 167 0.58 97 0.37 147

# Calculated using Ti;Al, ,C, gdata. 11 Calculated using Ti,AIN, ,data. (see Ref. 102 for details).

our results for the ternaries with those for TiC, (Table 11) leads further credence to our
conclusions. TiC, is not very conductive because of a dearth of carriers. The mobility is,
however, quite high presumably because of a lack of “rattlers”.

6. ELASTIC PROPERTIES

In general, the My,,AXy phases are elastically quite stiff. This is particularly true for the
ternaries for which N >1. The room temperature Young’s moduli, Eg;, are = 300 GPa (Table 12).
Similarly, the shear, pz, and bulk moduli are in the 120 and 200 GPa range, respectively (Table
12). Poisson’s ratio for all compounds is ~ 0.2, which is lower than that of pure Ti (0.3), and
more in line with stoichiometric TiC (= 0.19). Not surprisingly, given the larger fraction of M-X
bonds in the 312’s and 413 as compared to the 211’s, the latter are less stiff. For example, at ~
200 GPa the Young’s modulus of Ti,AlC is significantly lower than that of Ti,AlIC, at = 300
GPa. The Young’s moduli of Zr,SnC, Nb,SnC and Hf,SnC, at 178, 216 and 237 GPa,
respectively, are also lower™.

Like most solids, above a certain temperature (=~ 100 K), the Young’s, E, and shear, H,
moduli decrease linearly with increasing temperatures according to:

Whge =1-0, (T -298) T>125K (16)
and EEg =1 - 05 (T -298) T>125K a7
where w, is the temperature dependence of the appropriate modulus. These values are listed in
Table 12.

The mean velocity, v,,, of sound in a solid is defined as:

3 3
(3"ng )3 N (18)

v, =[
2P ]
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where v, and v, are the longitudinal and shear velocities, respectively. Knowing v, the Debye
temperature, 6., can be estimated from:

h 3EON
Op= (o) G22NAyis (19)
kg 4
where 8 and m are the density and molecular weight, respectively. Knowing v,,, 8, can be

calculated and the results are tabulated in Table 6 (column 8). In general, these values are in
good agreement with the 0, values calculated by other methods, which gives credence to all the
results. As noted above these Debye temperatures are quite high and more in line with stiff
ceramics such as Al,O, and Si,N, than with metals.

The densities of the Tiy,,AlX,, ternaries are comparable to Ti metal, but are at least twice as
stiff, and maintain their high stiffnesses to high temperatures. For example, at 1273 K the shear
modulus of Ti Al ,C, ¢ is = 88 % of its room temperature value. Elastically, Ti,;SiC,, Ti;AlC, and
Ti,AIN,, are comparable to Mo, a metal prized for its stiffness and excellent high temperature
properties, but not its low density or machinability. The range of stiffnesses for these compounds
are also comparable to those of hot pressed Si;N, and AL, O,.

Table 12: Summary of sound velocities and moduli of Ti,SiC,, Ti,AIN,,, and Ti;Al, ,C, ;. Unless
otherwise noted, all the data are taken from Ref. 91. The data for TiC, 4, Mo and Si;N, are also
included.

v, A Den-| Young’y Shear | Bulk | Poiss- | oz (K" | «, (K"
(m/s) | (m/s) |sity |Mod. | Mod. | Mod. | ons x 10* x 10*
(GPa) | (GPa) | (GPa) | patis | (T>125K)| (T>125K)

Ti,SiC, | 9100 {5570 [ 4.4 |333° 139° 185* | 0.20 -0.88 - 1.4

9142° | 5613° |4.5° | 339° 142° 187° | 0.20 -0.75 -14

206'%| 0.20 -0.95%

Ti, AIN, | 8685 5201 4.7 |310 127 185 |0.22 -0.74 -1.5
TLAIC, |8880 |5440 |42 [2975 |124 |165 |020 |-084 |-12
TiCyos 493|491 205 |272 |02 -0.54
Mo 10.2 | 318 122 267 -1.46
Si.N, 32 (320 126 |232

a: 3-5 ym grains; b: 100-300 ym grains.

The Raman spectroscopy of these compounds supplies yet another clue to their properties,
especially their mechanical response discussed in the next section. By comparing the Raman
spectra of Ti,SiC, with those of TiC,,,, we confirmed the presence of a soft mode at 150 cm™ (Fig.
15)%. This mode was assigned to a shear mode between the Ti and Si layers; not unlike the ones
observed between layers in graphite. The corresponding shear modes for Ti,AIN and Ti,AIN, are
located at 135 cm™ and 153 cm™, respectively''’.

The results of Onodera et al,'®® who carried out synchrotron x-ray diffraction measurements

on Ti,SiC, under pressures up to 61 GPa at room temperature are also noteworthy. Their bulk
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modulus is roughly 9 % higher than the ones measured by ultrasound (Table 12). Interestingly
enough and in total agreement with the TEC results, they found that the decrease with pressure
of the c-axis length is faster than that of the a-axis length implying that the Ti-Si bonds, along the
c-axis are weaker than the Ti-C bonds along the a-axis.

Soft éhear
made

Intensity (arb. units)

Raman Shift (cm -1)

Figure 15: Experimental data and curve fitting of Raman spectra for Ti,SiC, and TiC,,

7. MECHANICAL PROPERTIES

It is in their mechanical response that the uniqueness of the My,,AX|; phases ternaries is most
apparent. At the very onset of our work, we had compelling evidence demonstrating their
nanolaminate nature. Micrographs such as the ones shown in Fig. 16 were routinely observed on
fractured surfaces and near areas of intense plastic deformation**%7%%5 Because the vast
majority of our work has been on Ti,SiC,, the discussion in this section will deal mostly with that
compound. The conclusions reached, however, are of general validity for all the My,,AX phases
tested to date.

Like most materials, the mechanical properties of Ti,SiC, depend on grain size. In the
coming sections reference will be made to two microstructures®, fine-grained (Fig. 17a) and
coarse-grained (Fig. 17b), henceforth referred to, respectively, as FG and CG.
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€Y (b)

© (d)
Figure 16: a) SEM micrograph of a typical fractured surface in Ti,SiC,. Inset shows a higher
magnification SEM micrograph of prominent feature labeled "A" showing very sharp radii of
curvatures possible. b) Morphology of Ti,SiC, surface after scribing with a sharp object. ¢)
Example of nested layers. d) Polished and etched optical micrograph of a grain deformed at room
temperature showing extraordinary extent by which a single grain can bend, curl and fold on itself.

7 ompressive and Tensile Properti

Typical stress-strain curves for Ti,SiC, deformed under compression loading at various
temperatures are shown in Fig. 18a®. Unless otherwise noted, the data shown in Fig. 18a are for
the FG microstructure. At room temperature, and using a strain rate of 5 x 10° s*, the failure is
brittle. The failure stress is a function of grain size: the FG material fails at =~ 1 GPa; the CG at =~
700 MPa. At 1200 °C, there is a distinct non-linearity in the stress-strain curves, that is followed
by a region of apparent “strain hardening”. At 1300 °C, the stress-strain response, in
compression exhibits three stages, labeled, respectively, A, B and C (Fig. 18a, inset): (a) an
elastic regime, (b) an inelastic deformation stage, or apparent "hardening" regime, and, (c) a
distinct softening until failure. At higher temperatures the extent of the softening regime is
significantly larger than the "hardening" regime. The strains to failure are in excess of 15 %.
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Figure 17: Polished and etched optical micrographs of: a) fine, b) coarse and, c) highly oriented
macro-grained samples of Ti;SiC,.

Because the transition between the elastic and inelastic deformation regions is not a yield
point (see below), the stress at which this transition occurs will henceforth be referred to as the
inelastic deformation stress or IDS. A plot of IDS versus temperature during compression is
shown in Fig. 18b, from which it is clear that significant softening occurs at temperatures above
1100 °C. The latter can thus be considered a plastic-to-brittle transition temperature, and will
henceforth referred to as PBTT.

The temperature dependence of the tensile response of FG samples® (Fig. 18c), tested at a
strain rate of 1.4 x 10* s, is similar to that under compression, in the sense that three regions
(inset in Fig. 18c) are present and considerable softening at temperatures above 1100 °C is
observed (Fig. 18b, lower curve). The strains to failure depend on temperature but at 1200 °C,
and using a strain of rate of 4 x 10 s, they exceed 5%. The response shown in Fig. 18¢
suggested a strong strain-rate sensitivity, which was verified as shown in Fig. 18d, where it is
clear that the shape of the curves and the IDS’s are strong functions of strain rate. The strain-rate
sensitivity, ~ 0.5, is quite high and is more characteristic of super-plastic solids than it is of
typical metals or ceramics'® """, This does nor imply, however, that the deformation in Ti,SiC, is
similar to deformation in super-plastic ceramics; i.e. that the microstructure remains self-similar.
As discussed below, the strain in Ti;SiC, is mostly due to the formation of cavities and cracks.

Before proceeding much further it is important to review the evidence for why the IDS is not
a yield point, (i.e. implies the presence at least five independent slip-systems). Had the IDS been
a yield point it would be difficult, if not impossible, to explain the following observations:
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* the large asymmetries in the IDS under compression and tension (Fig. 18b) at all
temperatures, but especially at the higher temperatures. Such an asymmetry would not exist
had the IDS been a true yield point.

* the extremely high “hardening” rates observed after the IDS. This is especially clear in the
compression test at 1200 °C (Fig. 18a), where the stress increases from ~ 550 MPa to ~ 850
MPa over a strain increment of about 0.05. Such exceedingly high hardening rates have never
been 'reported, even for ductile metals, and especially at such high temperatures. The
alternate explanation must be that region B is a region of inelastic deformation in which
damage is initiated but, for reasons elaborated on in the next section, does not lead to
catastrophic failure.

* The high dependence of the IDS point and the shape of the stress-strain curves on strain
rate (Fig. 18d). Here again, it would be unlikely for a solid with 5 independent slip systems to
exhibit such a strong dependence. The effect of strain rate is so crucial that it is possible to
obtain some plasticity (1-2 %) before failure in polycrystalline samples tested at room
temperature®®*"'”? (Fig, 19a). This plasticity is due to the formation of shear bands typically
oriented at = 45 ° (i.e. along planes of maximal shear) to the loading direction (Fig. 19b). The
shear bands have a high volume fraction of voids and cavities that are bridged by ligaments
comprised of grains that have been severely deformed, delaminated and/or kinked (Fig. 19c¢).
This propensity for shear band formation is common in these phases (see below).

* Finally it is important to note that despite vast differences in their physical, electrical,
thermal and chemical properties, Ti3SiC, and ice behave almost identically when their
mechanical properties are comparedm. This rather surprising result stems from the fact that
both are crystalline solids that are plastically very anisotropic; deformation occurs
overwhelmingly, if not exclusively, by slip along the basal planes. This anisotropy in turn is
why the response of both solids is so strain rate sensitive; if loaded rapidly, both are brittle,
but if loaded slowly they are quite plastic (Fig. 18d). In both cases, microcracks and their
linkage play a dominant role in their brittle response.

These conclusions are also in accord with our transmission electron microscopy, TEM,
observations; to date no evidence exists for the presence of slip systems other than basal.

7.2 dness and e Tolerance

Relative to the MX phases, the M, ,AX, phases are relatively soft and the hardness is quite
anisotropic. This was first documented by Nickl et al.”’, who working with small single crystals
prepared by CVD, reported Knoop hardness values normal and parallel to the basal planes of
12-15 and 3-4 GPa, respectively. Much later, Pampuch et al.”?
that contained some =~ 15 vol. % TiC, reported a Vickers hardness, H,, of about 6 GPa, the
latter in agreement with Goto and Hirai's value on CVD samples. Both groups also showed
that the Vickers microhardness was a function of indentation load. Pampuch et al. were also the
first to note that the hardness to modulus ratio, Hy/E, was more comparable to that of ductile

, using hot pressed samples

metals than typical ceramics.
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Figure 18: a) Stress-strain curves as a function of temperature and grain size in, a) compression.
Unless otherwise noted the curves are for the fine-grained microstructure®. (Inset shows three
regimes (see text). b) Effect of grain size and temperature on compressive and tensile strengths
of Ti;SiC,. c) Effect of temperature on tensile stress-strain curves of FG Ti,SiC,>. d) Effect of
strain rate on shape of tensile stress-strain curves of FG samples of Ti,SiC, at 1200 °C*,
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Figure 19: a) Room temperature engineering stress-strain curves in compression for
Ti,AIN, sCo s (middle curves), Ti,AIN (right) and Ti,AlC (left). Curves are shifted to the right for
clarity. Note graceful nature of failure”. b) Low magnification SEM micrograph of Ti,Al, ,C,4
sample compressed at room temperature showing shear band®; c) higher magnification
micrograph showing extent of damage to grains in shear band

The hardness values of all the ternary phases synthesized fall in the narrow range of 2-5 GPa.
The highest value, 5.5 GPa, was measured on Ti,AIC,sN,s”- In some cases, the hardness is a
function of applied load (e.g. Fig. 20, top curve), in others it is not.

Polycrystalline ceramics at room temperature are brittle. The implications of this simple
statement are far reaching because it renders them difficult to machine, prone to thermal shock,
and sensitive to minute defects that can be introduced during processing and/or service. It would
be fair to say that but for their brittleness, ceramics would have found their way into many more
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Figure 20: Vickers hardness versus indentation load of Ti,Al, ,C, ¢ (top curve, right axes); four-
point flexural strength (left axis) vs. indentation loads for 25 ym Ti,Al, ,C, ; samples™ and Ti,SiC,
for grain sizes indicated®. The inclined dashed line is expected behavior for brittle solids'™.

structural  applications. Therefore, the importance of the remarkable damage

toleranc e62.66,71 .86,96,173-175

exhibited by the My, AX, phases cannot be overemphasized. The
damage tolerances of Ti,SiC,**'” and Ti;Al, ,C, ¢ are best exemplified in Fig. 20, in which the
functional dependence of post-indentation bend strengths are plotted versus the Vickers
indentation loads. The plot shown in Fig. 20 is not a log-log plot - which is the standard way of
plotting such data'” - but rather a semi-log plot. (The expected behavior of a petfectly brittle
material is shown as a dashed line in Fig. 20). The hatched areas on the left represents the
flexural strengths that result from naturally occurring flaws. Clearly, and at least for Ti,Al, ,C,,
the post-indentation flexural strengths are almost independent of indentation loads. This is
especially true when it is appreciated that, because of its relatively low hardness (top curve in
Fig. 20) a 300 N indentation load translates to a defect size of ~ 0.4 mm. Such a defect spans ~
20 % of the sample’s width and ~ 27 % of its thickness and is roughly equal to the = 25 %
reduction in flexural strength (375 to 300 MPa). In other words, the reduction in strength is of
the same order of magnitude as the reduction in cross-sectional area. Similarly, a 100 N
indentation reduces the retained strength by only = 7 %.

The same is true for Ti,SiC,, for which the retained flexural strengths are plotted for the two
grain sizes indicated in Fig. 20%. Because the natural flaws in brittle solids typically scale with
the inverse of the grain size, the reduction in strength for the FG material is slightly more severe
than the CG (Fig. 20) Ti,SiC,™.

Vickers indentations in most brittle solids result in the formation of sharp cracks that
typically emanate from the corners of the indent. These cracks greatly magnify the effect of the
indentations and result in sharp reductions in strength as a function of flaw or indentation size. It
is quite difficult, if not impossible, to induce cracks from the corners of Vickers indentations in
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is quite difficult, if not impossible, to induce cracks from the corners of Vickers indentations in
the M,,,,AX,, phases**®2%%% The main reason therefore for the damage tolerance characteristic
of these solids is their ability to contain and confine the extent of damage to a small area around
the indentation. Some of microstructural features observed around indentations in Ti;SiC, are
shown in Fig. 21a-d%. From these micrographs and others (not shown) the following energy-
absorbing mechanisms have been clearly identified: diffuse microcracking, delamination and
crack deflection (Fig. 21a), grain push-out and pull-out (Fig. 21b), and the buckling of individual
grains (Fig. 21c). The micrographs shown in Fig. 21 were the first indication of the nanolaminate
nature of these solids®.

The evolution of deformation-microfracture damage below Hertzian contacts in a CG
TizSiC, was also studied”"'™. The Hertzian indentation stress—strain response deviates strongly
from linearity beyond a well-defined maximum, with pronounced strain—softening, indicating
exceptional deformability in an otherwise elastically stiff solid. Surface and subsurface
ceramographic observations reveal extensive quasi-plastic microdamage zones at the contact
sites. These damage zones are made up of multiple intragrain slip and intergrain shear failures,
with attendant microfracture at high strains. No ring cracks or other macroscopic cracks are
observed on, or below the indented surfaces as is typical of most other brittle solids. The results

Figure 21: Microstructural features associated with indentation damage®; a) laminate fracture,
b) grain pullout and, c) grain buckling.
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suggest that Ti3SiC, may be ideally suited to contact applications where high strains and energy

absorption prior to failure is required. The results also suggest that Ti,SiC, may be susceptible to
fatigue. As discussed below, however, such fears are unfounded.

7.3. Thermal Shock Resistance

As noted above one of the more detrimental consequences of brittleness is susceptibility to
thermal shock. Most brittle solids can only be subjected to a limited thermal shock, or quench,
before they shatter or their strengths drop dramatically. Metals on the, other hand, are not
susceptible to thermal shock because they can dissipate the thermal stresses by plastic
deformation. The response of Ti,SiC,”*'”, Ti,AIN,,” and Ti,Al,,C,s* to thermal shock is
unique (Fig. 22) - the behavior is neither a step function (as in ceramics) nor a horizontal line (as
in metals). Instead the response is a function of grain size. Quenching the CG Ti,SiC, samples
from 1400 °C into ambient temperature water, not only does not affect their post-quench flexural
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Figure 22: Retained ﬂexural strengths versus quench temperature for: a) FG and CG Ti;SiC,. b)
for ~ 20 pm T AIN, % and, ¢) = 20 pm, Ti3Al; C; s top curve (left axis). Vickers microhardness

values of surface (cross-hatched line, right axis) and bulk hardness values (dashed line, right
axis)™.
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strengths, but actually increases them slightly (Fig. 22a, lower line). This effect is not an artifact of
the experiment, but is observed in Ti,AIN,, (Fig. 22b), and to a lesser extent in Ti,Al, ,C, 5 (Fig.
22c). The flexural strengths of the post-quench FG Ti;SiC, samples, on the other hand, decrease by
=~ 10% and =~ 50% after AT quenches of 750 °C and 1000 °C, respectively (Fig. 22a, top curve).

The responses of Ti,AlIN,, (Fig. 22b) and Ti,Al, ,C, 4 (Fig. 22c), with grain sizes (= 25 ym)
intermediate between the FG and CG of Ti,SiC,, are also unique in that their post- quenched
flexural strengths go through a minimum at a AT of = 1000 °C. Furthermore, the reduction in
strength (= 40%) is not catastrophic. Post-quench surface hardness measurements of the
Ti,Al, ,C, s bars show that the surface hardness (Fig. 22c, center curve), similar to the post-
quench bend strengths, goes through a minimum®. This enhancement in hardness is only skin-
deep, however; the hardness of the sub-surface layers (Fig. 22c, lowest curve) do not rise as
dramatically as the surface layers. Since the XRD spectra of the quenched samples did not detect
the formation of any ancillary phases, apart from a very thin oxide layer that was carefully
removed before testing, the simplest explanation is that a compressive layer forms on the
surfaces of these ternaries as a result of quenching. How that occurs is not clear at this time and
more work is needed to understand this intriguing phenomenon.

7.4 Fatigue and R-Curve vior

The cyclic-fatigue crack growth rates, da/dN, are plotted as a function of the applied stress-
intensity range, AK, for the FG Ti,SiC, samples in Fig. 23%. Also included are the results for
other metals and ceramics all tested under the same conditions as Ti,SiC, (R = K,,/K,, = 0.1
and v = 25 Hz in room air). The high dependence of da/dN, on AK is typical of ceramics. The
fatigue threshold, AKy, for the CG samples, ~ 9 MPavim, is one of the highest fatigue thresholds
ever observed in a monolithic, non-transforming ceramic. For the FG samples, the fatigue
threshold drops to ~6.5 MPavm.

Field emission SEM images of fatigue damage behind the crack tip of CG Ti,SiC, specimen
(not shown) revealed profuse amounts of wear debris along contacting surfaces. Significant
bending, basal plane delaminations and shear faulting in individual grains have also been
observed™. These mechanisms probably reduce the severity of frictional damage in these
microstructures and help to account for the very high fatigue thresholds.

Both the FG and CG microstructures exhibited substantial rising R-curve behavior” (Fig.
24a). The FG samples initiated at ~ 8 MPavim, rising to = 9.5 MPavim after ~1.5 mm of crack
extension. The CG samples exhibited substantially stronger R-curve properties than the FG
samples (Fig. 24a). The first specimen initiated at = 8.5 MPavim, and crack-growth resistance
rose to ~14 MPavm, after ~ 4 mm of crack extension; the second specimen initiated at ~ 11
MPavm and grew up to ~16 MPavm after ~2.7 mm of crack extension. Note that for each R-
curve, the initial crack length is indicated, and it appears that the initial flaw size affects the
initiation toughness; a result that is most likely due to residual bridging in the pre-crack.
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Evidence for both elastic-ligament bridging and frictional pullout were found and such
bridging processes are similar to those observed in well-studied ceramic systems like AlO,,
Si;N, and SiC. However, other more surprising bridging phenomena are observed such as the
heavily deformed lamellae seen to bridge the crack (Fig. 24b). These bridges occur with
significant amounts of delamination and bending. These ligaments are further examples of the
extent by which individual grains of Ti,SiC, can deform [see below]. Such processes are highly
unusual and unique to these ternary systems, and must at least partially, account for the high
plateau fracture toughness levels observed. Furthermore, and unlike most monolithic ceramics
which exhibit bridging zones that commonly extend <1.5 mm behind the crack tip under quasi-
static loading conditions, Ti;SiC,, shows more extensive bridging zones having lengths of over 5
mm in the CG microstructure. This suggests that the bridges in Ti,SiC, are more tenacious than
those found in typical monolithic ceramics. The higher potency of Ti,SiC, bridging grains is
almost certainly due to their quasi-plastic nature, which allows for greater damage tolerance and
energy dissipation during bridge pull-out and failure. Furthermore, the metallic nature of the
bonding obviously precludes the easy fracture of these ligaments as would occur in other layered
materials such as mica or graphite.
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Figure 23: Cyclic-fatigue crack growth rates, da/dN of coarse-grained Ti,SiC, plotted as a
function of the applied stress-intensity range, AK. Also shown is the behavior of a range of
metals and ceramics. The cyclic-crack growth rates in the Ti,SiC, are low and the fatigue
threshold is quite high.
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Figure 24: a) Crack-growth resistance, K|, plotted as a function of crack extension, Aa, for both
the FG and CG Ti,SiC, microstructures. The initial flaw size, a,, is indicated for each measured
R-curve. b) Field-emission SEM image of a bridged crack in the CG Ti,;SiC,. Heavily deformed
lamella bridge the crack, and significant amounts of delamination and bending are observed.
Such processes are highly unusual in ceramic systems and may, at least partially, account for the
extremely high plateau fracture toughness values shown in a.

7.8 Creep Properties

Based on the effect of strain rate on tensile properties (Fig. 18d), the ultimate use of Ti,SiC,
at higher temperatures will, most probably, be creep limited. All creep curves exhibit three
regimes in succession'®: i) a very short, primary regime; ii) a region in which the creep rate, ¢,
is more or less constant with time. Since this region also corresponds to the minimum creep rate,
it will henceforth be referred to as the minimum creep rate region; iii) a region in which €

s
is no longer linear with time and gradually increases until failure. i.e. a ‘tertiary creep region.
The ratio of the duration of the tertiary and minimum creep regions increases as the overall time
of the tests increase. At high stresses and lower temperatures, the majority of the strain occurs
during the minimum creep rate region'®.

Minimum creep rates, £__, are most often expressed as:

. =Ao" exp(—%T) (20)
where A, n and Q are, respectively, a temperature independent constant, stress exponent and
activation energy for creep. Least squares fits of In € vs. In o plots (not shown) yield n values

min ?

that vary between ~ 1.4 to 1.8. Since one activation energy (= 420 kJ/mol) is sufficient to
describe the results over the entire range of testing temperatures and stresses, it is fair to assume
that one creep mechanism is operative, in which case, based on Eq. 20, a In-In plot of
¢ *exp(Q/kT) vs. o should result in a straight line. Figure 25b shows that to be the case; a
least squares fit of which yields n = 1.5 and A =2.2x10” s’sMPa™?, It thus follows that in 1000-
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1200 °C temperature range and for stresses that vary from 10 to 100 MPa, ¢__ of FG Ti,SiC, is
well represented by'%:

_ 420 = 15kJ1 mol) @1

RT
The time to failure, t, is well represented by a Monkman-Grant expression, namely:
te(s) = 0.019/¢;, . Two failure modes are observed. At all but the highest stresses, cavities

£ = (22x107) o' 5exp(

nucleate, more or less homogeneously over the entire gage area, grow and eventually coalesce
into relatively large microcracks, whose further growth must be blunted by crack tip plasticity.
Because Ti,SiC, lacks five independent slip systems the cavities must form at the very onset of
the creep deformation process and not surprisingly most of the strain is attributable to the
formation of cavities and microcracks. The second mode, at high stresses, is more reminiscent of
subcritical crack growth, in which the cavities form in the local field of a stress concentrator,
followed by relatively rapid crack growth.

Currently, not enough data exist to unambiguously determine the creep mechanism(s). The
recent realization, however, that Ti,SiC, and ice share more than a passing similarity in their
response is an important development that should greatly enhance our understanding of both

crystalline solids.
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7.6 Tribological P ti

In our first report on Ti,SiC, we noted that there was an element of self-lubricity to the
solid®. When taken together with its the layered nature and the fact that the bonding between the
layers is weaker than along the layers, especially in shear, its relationship to graphite was
obvious and pointed out. This led Myhra et al. to measure the friction coefficients of the basal
planes of Ti,SiC, using lateral force microscopy'”>'”. They showed that that the basal have one
of the lowest friction coefficients, u, of any solid measured to date. As important, the low values
of y are maintained even after six months exposure to the atmosphere.

Unfortunately, this low u does not translate to low friction in polycrystalline samples™. We
recently carried out a detailed wear and friction study on FG and CG discs of Ti;SiC, in pin-on-
disk sliding wear tests against a 440C steel pin, and as rectangular pins in diamond belt abrasion
tests. In the pin-on-disc test, irrespective of the grain size, it was found that the material
undergoes an initial transition stage where the u increases linearly to 0.15 to 0.45. After this
transition stage, p, rises to steady state values, of about 0.8 for both microstructures. The
transition from the low to high y is due to accumulation of debris entrapped between the disc and
the pin, resulting in third-body abrasion.

The average sliding wear rates in the pin-on-disc tests were 4.2 x 10° and 1.3 x 107
mm*/N.m for the FG and CG discs, respectively. In the diamond belt abrasion tests, the average
wear rates were much higher: =~ 6 x 107 and = 4 x 10> mm*N.m for the FG and CG samples,
respectively. In contrast to many brittle solids, the wear resistance of the CG samples was better
than the FG samples. In both microstructures, grain pull-outs and fractures were observed. In
addition, delamination, crack bridging, grain deformation, and microcracking were operative in
the CG material. It is this multitude of possible sliding energy dissipation mechanisms,
essentially the same observed around hardness indentations, (Fig. 21) that is believed to enhance
the wear resistance of the CG material relative to the FG one. These results are consistent with
the higher fracture toughness of the CG material (Fig. 24a).

It should be emphasized that the wear resistance was measured under the most stringent
conditions, vis. low humidity and no lubricant. Whether the relatively high friction coefficients
will prevail in the presence of a lubricant is an open question at this time. The results of Myhra et
al."™'™ suggest that if highly oriented microstructures (or single crystals) can be grown, such that
the basal planes are parallel to the surface, such surfaces should exhibit very low u values, and
most probably also be wear resistant. The latter is predictable from the anisotropy in hardness
alluded to above.

1.7 i uti eni

Very little work exists on the properties of solid solutions between the My,,AXy, phases. At
room temperature and comparable grain sizes, Ti,AlC, N, ; is stronger in compression (Fig. 19a),
harder and more brittle than the end members, Ti,AlC and Ti,AIN”". This is compelling evidence
for the presence of a solid solution hardening mechanism, which in turn implies that dislocations
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must play a role with endowing these ternaries with their room temperature quasi-plasticity. It is
worth noting here that the failure mode of the end members in compression is not catastrophic,
but graceful, with strains to failure of the order of 5 % (Fig. 19a).

Conversely, and quite surprisingly, at temperatures > 1200 °C a solid solution softening
effect is observed”, the reasons for which are currently a mystery. This effect, however, is in
agreement with the fact the TEC of the solid solution is higher than the end members (Table 7).
Thus, partially replacing the C with N atoms, or vice versa, somehow destabilizes the structure at
higher temperatures. Here again is a fruitful area for theoretical modeling.

1.8 inabili

One of the more remarkable properties of the M, AX, phases is the ease by which they can
be machined using high-speed tool bits with no lubrication or cooling required. They can even be
cut with manual hack-saws. It is important to note that the machining does not occur by plastic
deformation, as in the case of metals, but rather by the breaking off of tiny microscopic flakes. In
that respect, they are not unlike other machinable ceramics such as Maycor™. The analogyy
with ice is also apt. The My, AX, compounds do not machine by scooping ice cream (as in
metals), but rather by shaving ice.

7.9 ressio avior of i-Single Crystals of Ti SiC,

Before delving into the details of the atomistic models it is important to describe the results
of a series of experiments that were key in developing the former. Highly oriented macro-grained
samples of Ti,SiC, can be grown by a sinter-forge technique™. The grains grow in a chevron
pattern that develops normal to the hot pressing or forging direction (Fig. 17¢) in which the basal
planes are inclined ~ 30° to the horizontal. Normal to that face, the grains extend across the
sample width (see Fig. 28).

The room temperature stress strain curves of samples compressed along the x and z
directions (inset of Fig. 26) are characterized by a marked anisotropy™ (Fig. 26). Samples tested
in the same direction as the hot pressing or forging direction, (i.e. along x-direction) yield around
200+10 MPa and deform plastically thereafter. These samples can be compressed to strains that
exceed 50 % at room temperature. At 1300 °C the shapes of the stress-strain curves (not shown)
are similar to those at room temperature, but yield at the lower stress of 120+10 MPa. Post-test
examination indicated that the plastic deformation is correlated with the formation of two shear
bands, that form parallel to the basal planes (Fig. 27a). Where the shear bands intersect the right-
hand edge of the sample a bulge is apparent confirming the plastic nature of the deformation.
The two bands intersect left of center, and their intersection results in the creation of cavities and
pores (Fig. 27a). A higher magnification optical micrograph of one of the shear bands (Fig. 27b)
shows it to be ~ 100 gm wide. At this magnification, the damage appears to be confined to the
shear band. Like the shear bands in the polycrystalline samples (Fig. 19b), they are characterized
by intense deformation, rotation and breakup of the grains.
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Figure 26: a) Effect of Ti,SiC, grain orientation on room temperature engineering stress-strain
curves compressed in the z-directions and the x-direction (i.e. parallel to the basal planes)™. The
curves are shifted by 2.5 % strain for clarity's sake. Inset is schematic of basal plane orientations
relative to the load direction. b) Temperature dependence of critical resolved shear stresses for
Ti,;SiC," and TiC,,'™.

As discussed below, basal plane dislocations are mobile and multiply at room temperature. In
other words, the initiation of the shear band is related to dislocation motion. Hence, the data
shown in Fig. 26a can be used to estimate the critical resolved shear stress,CRSS. To estimate
the latter, the angles between the loading direction and the slip planes and directions must be
known. The former is ~ 65°. The angle between the slip and the loading directions is unknown.
Its maximum value, however, is when the slip direction, [1120], is the same as the slip plane,
viz. 65°. Thus the minimum critical resolved shear stress at room temperature is = 36 MPa.
Similarly, the minimum CRSS at 1300 °C is estimated to be ~ 22 MPa. Figure 26b compares the
CRSSs of TiC, '™ and Ti,SiC, as function of temperature. At 900 °C, the CRSSs differ by about
an order of magnitude; at 1300 °C, they differ be only a factor of ~ 2. This graph dramatically
illustrates the fundamental differences in mechanical properties between TiC and Ti,SiC,.

The more interesting response occurs when the samples are loaded normal to the basal planes
(i.e. along the z-direction in inset of Fig. 26). In this orientation, the resolved shear stress is = 0
and yet significant (> 15 %) plasticity is observed. The stress-strain curves show a clear
maximum in the “yield” stress, which is followed by a region of strain softening (Fig. 26), before
leveling off at ~ 200 MPa. Two nominally identical samples were tested; one yielded at 230
MPa, the second at 290 MPa. This scatter and strain softening are consistent with the
deformation mode proposed below. Here again the deformation is mostly confined to two
intersecting shear bands that emanate from the corners and form an inverted chevron shape (Fig.
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28a). Where they intersect a large void is present (top center). The most important and telling
detail, however, is observed at the corners of the cubes, one of which is shown as an inset in Fig.

28. The plastic buckling of the comer grain occurs by the formation of a kink band (see next
section).

Figure 27: Polished and etched optical micrograph of: a) surface of cube subjected to a 6%
compressive strain, in the x-direction”. Basal planes make an angle of ~ 25 ° with the
horizontal; load was applied vertically. b) Higher magnification of shear band, where extensive

grain breakup, rotation, etc., is apparent. The material outside the shear band appears to have
remained intact.
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(b)

Figure 28: Polished and etched optical micrograph of surface of cube subjected to a compressive
strain along the z-direction in which the basal planes are parallel to the vertically applied load.
Inset shows higher magnification micrograph of left-hand side bottom corner. Note buckling of
corner and relationship between kind and shear band angles.
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The strain softening following the peak in stress observed in Fig. 26a, is clearly a texture-
related phenomenon. The simplest interpretation is that the kinking at the corners reorients the
basal planes into an easy glide direction. Once reoriented, basal slip takes over resulting in the
shear bands. Clear evidence for lattice rotation can be seen in the lower left-hand side corner
(Fig. 28b). The kinking or buckling deformation mode is a result of an instability and/or a lack of
constraints and as such is dependent on stochastic microstructural features such as imperfections,
sharp corners, voids, planar misalignment, etc. The more than 22 % difference in the values of
the maximum stresses of the two nominally identical samples (Fig. 26) is consistent with such a
deformation mode. In contrast, the stress needed to further plastically deform the crystal, which
presumably is dominated by what is occurring within the shear bands, is more or less constant
and fairly reproducible at ~ 200 MPa. Furthermore, given the combination of stress
concentration and lack of constraint at the corners it is not surprising that they should buckle first
and initiate the two shear bands.

7.10 Kink Bands

Kinking and kink bands mostly occur in materials with a strong anisotropy in their shear
strengths when they are loaded parallel to their weak shear planes. This mechanism has been
invoked to explain deformation in single crystal hexagonal metals'®'®, highly constrained
rocks'®, organic crystals'®, card decks'®, rubber laminates'®, oriented polymer fibers'®'%,

wood'”, graphite fibers'*'”®, laminated C-C and C-epoxy composites'*'*®

and highly textured
Zn polycrystalline samples'”, among others. Despite the apparent ubiquity of this deformation
mode in nature, it is quite rare in polycrystalline crystalline solids, especially if they are not
highly constrained.

Orowan was the first to report on the formation of kink bands in single crystals of hexagonal
Zn loaded parallel to their basal planes'™. Later, Hess and Barrett'® proposed a model to explain
the formation of these bands by the regular glide of dislocations. The major elements of their
model are summarized schematically in Fig. 29a to d. Initially and upon loading a long thin
column of length L, elastic bending (Fig. 29a) creates maximum shear stresses, assuming perfect
symmetry, at [/4 and 31/4 (Fig. 29b). Above a critical value this shear stress is sufficient to
create, within the volume that is to become the kink band, pairs of dislocations of opposite sign
that move in opposite directions (Fig. 29¢). The end result is two regions of severe lattice
curvature, separated from each other and from the un-kinked crystal, by well-defined kink planes
BC and DE in Fig. 29d. These kink planes or boundaries have an excess of edge dislocations of
one sign, which, in turn, are responsible for the lattice rotations observed. Such kink bands
would be expected only in crystals that are not subject to twinning as a result of compressive
stresses, such as hexagonal metals or alloys having an axial c/a ratio greater than = 1.73'®. It is
thus not surprising that Ti,SiC, with a c/a ratio of 5.76, and the other M,,,AX,, phases, deform
by this mechanism. In contrast to twining, the plane of kinking need not be a crystallographic
plane; its orientation depends on the stress condition'®'.

Hess and Barrett did not elaborate on the specific mechanism for the formation of the kink
planes or dislocations walls. A few years later Frank and Stroh® proposed a model in which
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pairs of dislocation of opposite sign nucleate and grow at the tip of a thin elliptical kink (labeled
T in Fig. 29e), when the applied shear stress exceeds some critical value. As long as the pair of
dislocation walls are within the crystal or grain they are attracted to each other but are held apart
by the external stress (Fig. 29¢). Once the walls extend to the free surface the strong attraction
disappears and the dislocation walls become parallel planes (Fi g. 29f). A continuing stress
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Figure 29: Scheme of kink band formation a-d after Ref. [182] and e-h after Ref. [200]. a)
Elastic buckling, b) corresponding shear diagram showing maximum shear at 1/4 and 31/4. c)
Initiation of pairs of dislocations from area of maximum shear. d) Kink band and kink
boundaries comprised of edge dislocations of one sign giving rise to classic stove-pipe shape; e)
Initiation of kink band at tip of narrow kink, T; f) Intersection of T with free surface removes the
attractive energy between the walls and allows them to separate and move in opposite directions;
g) and h) repetition of same process to create more dislocation walls.
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should then force the walls apart. The process of wall formation can be then repeated at the same
source resulting in the generation of new dislocation walls (Fig. 29g-h). If the component
dislocations in successive walls are not on the same slip plane, the walls could unite or collapse
forming a kink plane or boundary. The collapse does not occur simultaneously along the whole
wall but sequentially, starting at one end of the kink boundary and moving to the other end as
shown schematically in Figs. 2%h.

The accumulation of several walls in a relatively thin region create a kink boundary. Hess
and Barrett also suggested that the first wall can be stopped by some defect resulting in
accumulation of walls near the defect. Alternatively, as proposed by Frank and Stroh, since each
wall has a different angle to the external load, as a result of successive changes of lattice
direction (Fig. 2%h), the increase in the shear stress for each successive wall formed may result in
their moving faster, leading to their accumulation.

A dislocation wall extending across a grain is a low-energy configuration (Fig. 30a).
However, if, for some reason, the dislocation wall is forced to divide (Fig. 30b), Stroh® has
shown that the magnitude of the stress between the ends can be high enough to open a crack of
limited length propagating normal to the wall as shown in Fig. 30c. Typical examples of
delaminations associated with dislocation walls observed in Ti;SiC, are shown in Fig. 30d and e,
where the resemblance of some of the features in this micrograph with the schematic shown in
Fig. 30c is obvious. Delaminations are always associated with walls. Direct evidence for the
arrangement of dislocations in a wall is shown in Fig. 30f, which is a higher magnification TEM
micrograph of the feature depicted by arrows in Fig. 30d*.

7.11 Ato

One of the more intriguing questions concerning the mechanical properties of Ti;SiC,, and
related materials, is their ability to contain damage, i.e. their damage tolerance. At face value this
is a surprising result for a layered material that is so clearly prone to delamination and lacks 5
independent slip systems. In this section a dislocation based model, that builds on earlier ideas
proposed for kink band formation in hexagonal metallic single crystals'®"'®>**" js presented that
explains most of our TEM observations as well as why these materials are damage tolerant.

Before describing the model it is necessary to describe the types and arrangements of the
dislocations that exist. Dislocations in Ti;SiC, are overwhelmingly arranged either in arrays (Fig.
31) wherein the dislocations exist on identical slip planes; or in dislocations walls, wherein the
dislocations form a low angle grain boundary normal to the basal planes™®*. The arrays
propagate across entire grains and are responsible for deformation by regular glide. The walls
form as a result of the formation of the kink bands. A typical example of a series of almost
parallel walls is shown in Fig. 32a. Selected area diffraction patterns (Fig. 32b) provide
compelling evidence that these walls result in lattice rotation and consist of rows of dislocations.
A schematic of the arrangement is shown in Fig. 32c.
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Figure 30: a-c Nucleation of a crack normal to a dislocation wall when the latter is subjected to a
shear stress taken from Ref. 201. d), and ¢) TEM micrographs showing a number of
delaminations associated with dislocation walls. f) Higher magnification TEM micrograph of

dislocation wall depicted by arrow in d in which individual dislocations and their alignment is
obvious.
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(@) (b)
Figure 31: a) Typical TEM micrograph after deformation at room temperature. Number and
spatial extent of dislocation arrays is greatly increased compared to the undeformed samples™. b)
Bright field image of an area containing dislocation arrays. Specimen is close to the orientation
where basal planes are in an edge-on position®.
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Figure 32: a) Bright field image of a bent region delaminated in 3 slices S,-S, and containing
separated walls and arrays. (b) Selected area diffraction from the same region, but tilted to an

edge-on position for the basal planes demonstrating lattice rotation around <1100> directions;
(c) schematic of S, showing walls (W) and arrays (A).:
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The key to understanding the mechanical response of Ti,SiC,, especially under compression,
is to appreciate the four following facts. Fist basal plane dislocations are mobile and multiply at
room temperature. Second, as noted above, these dislocations are overwhelmingly arranged
either in arrays or walls. Third, the intersection of the arrays and walls can result in delamination.
Fourth, the metallic nature of the bonding insures that the layers, once delaminated remain intact,
rather than fracture. It is this combination of attributes that cause these ternaries to behave as
nanolaminates.

A bright field image of a kink band with a high misorientation angle containing delamination
cracks is shown in Fig. 33*. The classic “stove pipe” shape predicted by the model (Fig. 29d) is
obvious. It is important to note that none of the models dealing with kink band formation discuss
delaminations, since the latter do not occur in metals. Such delaminations, however, have been
observed in single crystal SiC samples deformed at temperatures in excess of 1500 °C*®.
Separate dislocation walls, which are generally normal to the basal planes, but are inclined to the
kink boundaries, are denoted by V giving rise to the V-shaped regions predicted in Fig. 2%h.
Delamination cracks are always associated with the kink bands, and are typically present along the
basal planes near or at dense dislocation arrays. The sizes and asymmetries of the delamination
cracks vary: The larger cracks are asymmetric, with the longer part typically propagating into the
kink band. Some of these cracks propagate across the entire kink band, i.e. from kink boundary to
kink boundary (Fig. 33). The ends of the delamination cracks are typically bound at one side by the
original kink boundary that is dislodged parallel to the basal planes and outwards relative to the
kink bands; the other side propagates into the kink band and is typically bound by a single
dislocation wall.

A dislocation-based model, shown schematically in Fig. 34, has been proposed to explain
most of the microstructural features observed in our work. The model also goes a long way in
explaining the mechanical response of Ti,SiC,, especially in compression®. The basic elements
of the model are: shear deformation by dislocation arrays, cavitation, creation of dislocation
walls and kink boundaries, buckling and delamination. For the sake of brevity, only the model is
presented here, the evidence for which can be found in Ref. 84.

Consider the two adjacent grains labeled S and P in Fig. 34a subjected to a vertical load.
Because of the their orientation, the resolved shear stress on the basal planes (parallel line) of
grain S is non-zero, while those in grain P are. The solid gray area in the figure represents the
width, W, of grain P that ultimately buckles. When the resolved shear stress exceeds the critical
value in grain S, it will deform by shear toward the lower left in Fig. 34a. This shear will occur
by the formation of dislocation arrays. Grain P will not deform initially. The shear of grain S
away from P, however, will create a cavity at the grain boundary between the two grains as
shown schematically in Fig. 34b. As a consequence of the formation of this cavity, the shaded
volume will tend to relax into that cavity, first elastically and then plastically. The plastic
deformation is initially accommodated by the formation of dislocation arrays (represented by
dotted vertical lines in Fig. 34b) that extend across the whole grain as a direct result of the shear
stresses between the shaded area and the remainder of the grain. The change in shape can also be
accommodated by the generation of dislocation walls normal to the applied load. These are
depicted in Fig. 34b as short horizontal lines within the shaded area.
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Figure 33: Bright field TEM image of a kink band with a high misorientation angle (“stove
pipe”) containing delamination cracks. Separate dislocation walls, which are generally normal to
the basal planes, but are inclined to the kink boundaries are denoted by V. The same areas are
depicted in Fig. 2%h as dark triangles.

Upon further loading the shaded volume will, depending on its exact geometry relative to the
location of the cavity and the local state of stress, plastically buckle into the cavity. Where along
the length, L, of the lamella the shear is maximum depends on many factors such as the length-
to-width ratio of the buckling section, the location of the constraints relative to L, and the
symmetry of the loading environment, among others'®. For example, in Fig. 29b the maximum
shear is assumed to occur at 1/4 and 31/4. Regardless of the exact locations of the areas of
maximum shear, the formation of shear bands requires that dislocation pairs be emitted from the
center of what is to become the kink band and move in opposite directions'®. This is a
fundamental distinction between deformation by shear and kink band formation. For the sake of
simplicity, the locations of maximum shear are chosen to be the areas labeled X and Y in Fig.
34b. It is the emission of dislocation walls of opposite sign from these locations that ultimately
results in two kink bands, BC and DF, shown in Fig. 34c, or equivalently BC and DE in Fig. 29d.
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It is worth noting that as the lattice rotates as a result of the formation of the dislocation walls
and kink boundaries, the maximum shear stresses increase leading to an acceleration of the
formation of these walls and can lead locally to geometrical softening'®.

Since the buckling and kinking occur while maintaining the mechanical integrity of the grain,
then perforce the ends of the buckled volume (labeled A in Fig. 34c) must shear towards the
center of that grain. Here again, the shear occurs via dislocation arrays that form in the buckled
region. From a purely geometrical perspective (since only basal slip is available), the kink bands
cannot form without the concomitant formation of delamination cracks (see Fig. 34c and d). The
thickness of the delaminated lamellae, i.e. W, will depend on their radius of curvature, R, which
in turn depends on the size of the cavity into which the material can buckle. The smaller the
cavity, the higher the stresses needed and the thinner the lamella that are generated.
Furthermore, thick lamella form first; as the stress is increased, however, they sequentially
delaminate at W/2, W/4, ... etc. One mechanism how this can occur is shown in Fig. 34d. Upon
further deformation, the two kink boundaries at C and D, in which the dislocations have the same
sign, collapse into one, labeled G-H in Fig. 34d. Their delamination cracks merge and result in
the larger delamination shown.

The dislocations density accommodated at any kink boundary, before tensile stresses at the
core of these dislocations exceeds the rupture stress of the material, is limited. It is therefore not
surprising that delaminations initiate at these boundaries. Hence further bending the original kink
boundary splits it into the two shorter kink boundaries labeled G and H (Fig. 34d). The
delamination cracks occur at the intersection of the arrays and kink boundaries. (This is why the
central dotted line in region W in Fig. 34c is absent in Fig. 34d). The formation of a free surface
annihilates the dislocations in that array and eliminates the accompanying strain energy. Here
again shear of one lamella relative to the other has to occur via the dislocation arrays that are
present in all lamella. It is believed that a repetition of this mechanism results in thinner and
thinner lamella with sharper and sharper radii of curvatures such as the ones shown in Fig. 16a to c.
Not only are delamination cracks intimately related to the formation of kink bands, but as
importantly they are contained within these bands. Thus, for example, the small delamination
cracks shown in Fig. 34d, are contained between the kink boundaries B and F. This containment
occurs regardless of how far the delamination cracks are from the edge of the specimen and thus
cannot be attributed to the reduction of the stress intensity at the crack tip due to changing
geometry. The main reason is more fundamental: for the delaminations to extend beyond the
kink bands requires that the kink boundary, with its very high dislocation density, be moved
ahead of the crack tip. This is energetically very costly and leads to localized toughening. The
delaminations can easily move in the opposite direction, i.e. into the kink band because there are
no dislocations in that direction, which is why the delamination cracks are asymmetric.

In short, the delaminations and associated damage are bound (i.e. localized) by the kink
boundaries. The latter can be thought of as “reflectors” of damage. This containment of damage
is believed to play a major role in endowing these ternary compounds with their damage tolerant
properties.
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Figure 34: Proposed model. a) Initial state showing two grains S and P subjected to a vertical
load. The gray area labeled W, is portion of grain P that ultimately delaminates; b) Initial
deformation occurs by the formation of dislocation arrays (dashed vertical lines) and dislocation
walls (short horizontal lines). Areas of maximum shear are assumed to be at X and Y. c¢) The
locations of maximum shear become the centers of two oppositely oriented kink bands BC and DF.
d) Further deformation forces the kink boundaries C and D to merge into the split into G and H.
Note that even if the delamination cracks down the center of the gray area merge, they are still
contained within the region bounded by B and F. Note disappearance of dislocation array.

8. CHEMICAL REACTIVITY AND TOPOTAXIALITY

8.1 Oxidative Properties

Binary transition metal carbides and nitrides are not very oxidation resistant in air above
=~ 500 to 800 °C. Prior to our work, that was also the conventional wisdom about Ti,SiC,****%.
Given the importance of oxidation in practical applications, one of the first papers we published
on Ti,SiC, was a study of its oxidative properties®’. The overall oxidation reaction is:

Ti,SiC, + 50, = 3 TiO, + Si0, + 2 CO} (In

The oxidation kinetics are parabolic, with parabolic rate constants, kp, that increase from
1x10° to 1x104 kg2em4s-! as the temperature increases from 900 to 1400 °C, respectively. The
activation energy for oxidation is 370420 kJ/mol. The scale that forms is dense, adhesive,
resistant to thermal cycling and layered. The outer layer is pure rutile, TiO7, and the inner layer

* The fate of the C is unknown. In order to balance the equation it was assumed that it diffuses through the reaction
layer and oxidizes into CO.
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consists of a mixture of SiO, and TiO, (Fig. 35a). The oxidation occurs by the inward diffusion
of oxygen and the simultaneous outward diffusion of titanium and carbon.

The presence of small volume fractions (= 2%) of TiCy in Ti,SiC, has a deleterious effect on
its oxidation kinetics®’. This fact is important and is still not fully appreciated in the literature. At
least two recent reports on the oxidation of Ti,SiC, claimed that the oxidation kinetics are not
parabolic®. This, we believe, is more a reflection of the fact that the samples tested were not
sufficiently pure, than an intrinsic property of Ti,SiC,. This comment notwithstanding, more
work on the oxidation of Ti,;SiC,, especially for longer times on pure samples should be carried
Using Wagner’s theory of oxidation, it is possible to convert the parabolic rate constants to
diffusivities. A comparison of the values of D thusly determined with the values for the diffusion
of oxygen and titanium in rutile (Fig. 35b), strongly suggest that the rate-limiting step is either
the diffusion of oxygen in or titanium out through that layer.
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Figure 35: a) Morphology of oxide layer that forms after an cycling a Ti,SiC, sample from 1100

°C to room temperature six times. Total time the sample spent at 1100 °C is 12 hrs. Outside layer is
pure TiO,, the inner layer is a two phase mixture of TiO, and SiO,. b) Arrhenian plot of diffusivity
of rate limiting step calculated from parabolic rate constant measurements on ternary carbide
indicated. Also shown as dashed lines are the diffusion coefficients of oxygen and Ti in rutile.

The overall oxidation reaction for Ti,AIN, Ti,AlC, Ti,AIN, C,s, Ti;AlC, and Ti,AlN, is'*®"*
in the 8001100 °C temperature range is given by:

. -3 . z
Al+@+DTi+[m+1)- %]02 = (n + 2)[A1_LT11 _ .L]O[ 2n+4) y ! +3A1203 (I1D)
n+2 n+2 (n+2) 2(n+2)
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The oxidation products are rutile, in which some Al is dissolved, i.e. (AL Ti, )O,,, with y <
0.01 and Al,O,. The oxidation occurs by the inward diffusion of oxygen and the outward
diffusion of Al and Ti ions through the (Al,Ti, )0, , layer. The C and N are presumed to diffuse
through the reaction layers and oxidize. The subjection of the (ALTi, )0, , layer to the oxygen
potential gradient imposed during the oxidation results in its demixing. The Al dissolves into the
rutile at the low oxygen partial pressure side and reprecipitates as Al,O, on the high partial pressure
side. If extensive, the demixing results in the formation of layers of porosity, through which further
Al diffusion cannot occur. The porous layers, however, allow oxygen to diffuse through. The
resulting microstructures are highly striated, where three layers, an Al,O,-rich layer, an (ALTi,.
)02, p-tich layer and a porous layer, repeat (Fig. 36).

ALO, + Ti0),

 Ti0,

Layers of
porosity

Figure 36: Morphology of oxidation layer that forms on Ti,Al,,C, ; after extended oxidation.
The oxide layer is striated where three layers repeat: an Al,O,-rich layer (gray phase), a TiO,-rich
layer (lightest layer) and a porous layer (black)'".

Converting the parabolic rate constants to diffusivities and comparing the results with
previously published results (Fig. 35b) again supports the conclusion that diffusion of oxygen
and/or Ti through the (AL, Ti, )O,., layer is rate limiting. Because of the dissolution of the Al in
the rutile and the concomitant formation of point defects, [VO"] and/or [All' **1, the oxidation
resistances of the Al-containing ternaries are worse than those of Ti,SiC, (Fig. 35b).

The overall oxidation reactions for Nb,SnC and Hf,SnC depend on temperature. At lower
temperatures (= 400°C) the reactions are*®:

Nb,SnC+40, = Nb,O; + SnO + CO, av)
Hf,SnC +3.50, = 2HfO, + SnO + CO, V)

At higher temperatures, (=700 °C), SnO is not a stable phase, and the oxidation results in
formation of SnO, instead. The oxidation kinetics are not parabolic but are characterized by an
incubation period during which the samples gain little or no weight followed by a region where
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the oxidation is linear and quite rapid (Fig. 37). Once in the linear regime the oxidation proceeds
until the entire sample is converted to the oxides®®.

Normalized weight gain

0O 2 4 6 8 10 12 14
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Figure 37: Normalized weight gain versus time curves obtained during the oxidation of
Hf,SnC?® at temperatures indicated. Note incubation period followed by complete oxidation of
samples.

8.2 Chemical Reactivity and Topotaxiality

Based on the Rietveld analysis of the HTND results, and some of the micrographs shown in
the previous sections, it is not surprising that one of the preferred modes of reaction of Ti;SiC, is
the topotactic loss of Si leaving TiC, behind. The reaction of Si with molten cryolite®, graphite™
and molten A1'® all take that form.

The reaction of Ti,SiC, with graphite provides an excellent example of the topotactic nature
of that reaction”. At low magnifications the carburized microstructures (Fig. 38a) are
indistinguishable from the original ones (not shown). This has the following important
implications. First, the growth of the TiC, layer must occur by the inward diffusion of C. There
is no other plausible mechanism (such as the outward diffusion of Ti for example) by which
carburization can proceed while maintaining the topotaxial relationship observed. Second, the
TiC, layer grows by the inward diffusion of C, the conversion of Si planes into C planes and the
loss of Si. The overall carburization reaction is thus:

Ti3SiCa + (3x-2) C =3 TiCx (x> 0.8) + Si AV=-157% (VD)
In accordance with the negative 15 % volume change for this reaction the TiC, that forms is not
monolithic but forms in a continuos porous TiCx network (Fig. 38b). According to the phase
diagram, this TiC, is C-rich®. Lattice parameter measurements of the TiCx confirm that the
minimum value of x is 0.8°®. However, on the basis of the hardness measurements and the
diffusivity calculations discussed below, x is probably much closer to 1.
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Figure 38: SEM micrographs of: a) top view of carburized layer where original grain structure
of Ti,SiC, is clearly preserved confirming topotactic nature of reaction. b) same as a but at a
higher magnification showing interconnected porosity™.

The carburization kinetics are parabolic and thus diffusion controlled. By making a number
of plausible assumptions, the parabolic rate constants were converted to diffusivities and
compared with the self-diffusion coefficients of C in TiC, measured using 14C radioactive tracers
in the 1450-2280 °C temperature range*”>®. The agreement of our data (open circles) with the
latter set is ‘excellent (Fig. 39) and is compelling evidence that the rate limiting step during the
carburization reaction is the inward diffusion of C. The excellent agreement is also evidence that
x in TiC, is > 0.8, since our results agree with those of Sarian®® who measured the diffusion of C
in TiC;g; and TiC, ;. Furthermore, since the microhardness of the carburized layer is ~ 20-25
GPa, its wear resistances should be excellent.

The reaction of Ti,SiC, with molten cryolite follows a similar script, but one in which the
exiting Si is not replaced™. Immersion of Ti,SiC, samples in molten cryolite at 960 °C results in
the preferential diffusion of Si atoms out of their basal planes to form a Si-containing cubic
phase with approximate chemistry Ti(C,4;,Si, o). The overall reaction is:

Ti,SiC, (hexagonal) = Ti(C,y;,Si,) (cubic)+ Si (in cryolite) (Vih

Raman spectroscopy, X-ray diffraction, optical, scanning and transmission electron
microscopy all indicate that the Si exits the structure topotactically, in such a way that the C-
atoms remain partially in their ordered position in the cubic phase®™. Furthermore, selected area
diffraction, SAD, TEM patterns of the reaction layers showed that they were cubic with a lattice
parameter of 2.5 A. The SAD patterns also unambiguously showed the presence of two sets of
(111) planes at an angle of ~ 39° between them. In other words, the Ti(C,;,Si,q) forms in
domains. An idealized schematic of the transformation is shown in Fig. 40. The removal of the
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Si atoms in essence allows a de-twinning of the Ti;C, blocks into domains in which the
orientations of the (111) planes are mirror images of each other. The angle between the (111)
planes of the two variants should be 38° 56’, a value in excellent agreement with the value
measured in the TEM. Not surprisingly, the basal planes in Ti;SiC, become the (111) planes in
the cubic phase. The details of this de-twinning are not understood at this time.
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Figure 39: Comparison of Arrhenian plots of diffusion coefficients for C in TiCx calculated from
the parabolic rate constants (open circles) measured from carburization experiments™, to those
previously reported in the literature’>*®. Also shown are the diffusion coefficients for Si in TiSi,
calculated from silicidation experiments (open squares)” and those previously reported®”>®.

Optical micrographs of samples that were immersed in the cryolite Si diffuses along the basal
planes within a grain, and then along the grain boundaries to the surface (Fig. 41). As the
concentration of Si drops below some critical value, the constraints on the Ti-C layers on either
side of the Si-layers are relaxed and the energetic advantages of the hexagonal stacking relative
to the cubic one are diminished, rendering the latter more stable. In this context it is important to
note that the removal of the Si atoms results in an untenable stacking sequence in which the Ti
layers are directly on top of each other (Fig. 40b). The volume change associated with reaction
VII is also = 15 vol. % shrinkage. Initially when the Si loss is not too pronounced, the shrinkage
is probably accommodated by a combination for very fine submicron cracks and possibly strains
in the Ti(Cy7»Sigee) Structure. If held for longer times, however, more Si is lost and the volume
change becomes large enough that the reaction layer starts to break off into the molten bath.
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Figure 40: a) (1210) plane in Ti,SiC,, where adjacent Ti,C, layers are twins of each other. b)
Same as a, but after loss of Si. ¢) Same as b, but after transformation that results in domains that
are twins of each other. This structure is highly idealized in the sense that complete order is

assumed.

A grain wherein the center is
still Sierich "

Figure 41: Polished and etched optical micrographs of Ti,SiC, samples after immersion in
cryolite at 960 °C. a) Reaction layer showing grain boundary nature of attack. This micrograph
also shows the preferential removal of Si surrounding the pre-existing TiC, particles. b) Higher
magnification micrograph of reaction layer showing grains in which the center is Si-rich and the
peripheries are Si-poor. Note that the Si diffuses first along basal planes and then along grain
boundaries.
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Reaction VII is important and of general validity because it explains several hitherto
unexplained observations in the literature concerning Ti,SiC,. For example, Lis et al.”’” have
reported that above 1450 °C, Ti,SiC, transformed into what they termed a “TiC-like” phase for
which the XRD patterns are similar to then ones we obtained. A similar reaction sequence has
recently been proposed to explain the morphology of the TiC layers that form when SiC and Ti
are reacted together”. Reaction VII could also explain the controversy concerning the presence
or absence of Ti,SiC, when Ti is reacted with SiC. If the temperatures are too high the Ti,SiC,
may form and then dissociate, especially in the presence of oxygen, leaving behind a partially
ordered TiC,.

Finally, it is important to note that it would be difficult, if not impossible, to synthesize
Ti(Cy67,Sip0¢) by a solid-state reaction mechanism. This phase can only be synthesized by
creating the ordered Ti;SiC, structure first and then removing the Si atoms. Obviously, the lower
the temperature the A-group element can be induced to diffuse out of the structures, the more
ordered the remaining structure would be. These ordered structures may have some interesting
and potentially useful properties and their synthesis and characterization should be pursued.

The reaction of Ti,SiC, with molten Al is a further variation on the same theme'®. The
overall reaction is:

Ti,SiC, + Al(1) = 3TiC, + Si(AlD (VIID
where Si is Si that is dissolved in the molten Al and x is most probably ~ 0.67. The main
evidence for the topotaxiality of the reaction is that the samples preserve their original shape and
dimensions after the reaction. The reaction layer consists of two interconnected or
interpenetrating networks of TiC, ¢, and molten Al. Consistent with this microstructure is the fact
that the reaction kinetics are linear and given by:

K, (m/s) =7.16 exp - (207 kJ/RT) (22)
in the 800-1000 °C temperature range. The rate-limiting step is most probably the diffusion of Si
from Ti,SiC, into the liquid Al.

The foregoing discussion notwithstanding, not all reactions of Ti;SiC, are topotactic; the
latter are only expected when a chemical driving force exists for the outward diffusion of Si.
Reaction of Ti3SiCy with single crystal Si wafers resulted in the formation of a dense surface
layer composed of a two-phase mixture of TiSi; and SiC'®. The overall reaction is:

Ti3SiCa+ 7 Si = 3 TiSig + 2 SiC AV =+120% IX)
This layer grows in two distinct morphologies; an outer layer with fine (1-5 pm) SiC particles
and an inner coarser (10-15 pym) one. The overall growth rates of the layers are parabolic, and
significantly faster than the carburization kinetics (Fig. 39). Comparison with previously
published results”™*® supports the conclusion that diffusion of Si through TiSi5 is rate limiting
(Fig. 39).

The silicidation reaction is of major technological importance because as discussed
above, despite the fact that the oxidation kinetics of Ti,SiC, are parabolic, the activation energy
for oxidation is high and at temperatures above = 1400 °C, the reaction layers are relatively (= 2-
3 mm) thick. The silicidation improves the oxidation resistance (i.e. k) at 1400 °C by about 4
orders of magnitude’®'"*, because now the protective layer that forms is pure silica.
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8.3 Corrosion of Ti SiC, in Common Acids and NaOH

Based on extended (6 months) gravimetric measurements of Ti,SiC, in dilute and
concentrated sulfuric, H,SO,, nitric, HNO,, and hydrochloric, HCIl, acids the following
conclusions were reached'®:

* In dilute (13.6%) H,SO, the weight loss is negligible, and corresponds to a corrosion rate

of < 1 um/yr. In concentrated (95 %) H,SO, no weight changes were detectable. In other

words, Ti,SiC, is stable in H,SO,.

* The weight loss in dilute (7.6 %) HCl is also negligible and corresponds to a rate of < 2

pm/yr. In concentrated (38%) HCI, after an initial small weight loss, no further weight losses

are detectable.

* The dissolution rates in dilute (6.4% and 11.6%) and concentrated (69.6%) HNQO, are linear

and orders of magnitude higher than in those in the other acids. Post-immersion SEM

examination indicated that a porous SiO,-based layer forms on the surface of the samples.

This implies that the Ti atoms are leached out into the HNO, solution, leaving behind a Si-

rich layer that is oxidized to SiO,.

* At 5.5 pm/yr, the corrosion rate in dilute HF is also relatively low.

* No detectable weight losses were measurable after immersion in NaOH for up to 6 months.

Cyclic polarization scans established that Ti,SiC, exhibits a resistance to pitting in H,SO, and
HCI at ambient conditions. The electrochemical results also strongly suggest that a very thin
electrically insulating layer forms when the samples are immersed in HCI and H,SO, acids. The
presence of such a layer would explain the corrosion resistance of Ti,SiC, in these acids.

9. POTENTIAL APPLICATIONS

Up to this point, the price one had to pay for high stiffness materials in general, and high
specific stiffness in particular, and/or good mechanical properties at high temperatures, has been
difficulty of machinability. With Ti,SiC, and the other ternaries, this is no longer the case. It is
worth noting here that if compounds with N > 3 exist, their stiffness could approach, or even
exceed, those of the corresponding stoichiometric MX binaries, while maintaining the very
important attribute of machinability. The machinability of metals is inextricably linked to their
performance at higher temperature. The same mechanisms that render them useful at higher
temperatures (i.e. obstacles in the way of the dislocations) are the ones that make them difficult
to machine. The Ni-based superalloys are a case in point; they are difficult and expensive to
machine. In Ti;SiC,, and the other My, ,AX,, phases, the machinability is de-coupled from the
mechanical properties.

The ease of machinability is of great technological importance for three reasons. First, it
allows for the fabrication of relatively cheap prototypes, which in turn, allows these materials to
be tested for a variety of applications rapidly and cheaply. The second has to do with tolerances.



M. W. Barsoum ’ 269

In many applications, such as engines, the tolerances required are more stringent than can be
fabricated by a press and sinter process; a post-fabrication machining step is typically required.
The advantages of the M,,;AX, phases over other machinable ceramics, is that they are
machinable after sintering - the latter have to be fired after machining which leads to a small
shrinkage. The third has to do with joining. Joining ceramics to other materials is a non-trivial
endeavor that is fraught with pitfalls. Machinability allows for alternate solutions. For example,
tubes used by the petrochemical and chemical industries, can be quite long (=~ 12 m) and would
pose a veritable processing challenge for any traditional ceramic material that currently exists.
Machinability greatly simplifies the problem: One or 2 m lengths of tubes would be extruded,
their ends threaded and simply screwed together, end to end, to any desired length.

To date, very few, if any, ceramics, can withstand a thermal shock of greater than ~ 1000
°C. The vast majority, including SiC and Si;N,, will, at best, survive thermal shocks of =~ 500
°C. Here again the fact that Ti,SiC, and the others are quite thermal shock resistant (Fig. 22),
especially, if the grains are large is important.

The potential applications of Ti,SiC, are myriad and far-reaching. Instead of listing or
spelling out specific application we believe that Ti,SiC,, and possibly some of the other ternaries,
could penetrate the following markets, or substitute for the following materials, amongst them are:

- Structural material for high temperature applications. The density of Ti;SiC, is roughly half
the density of currently Ni-based superalloys, roughly double their stiffness and most
important possess very decent mechanical properties at temperatures that would render the
best superalloys on the market today unusable. They are also much more readily machinable.

- Substitute for machinable ceramics. The advantages of using Ti;SiC, over conventional
machinable ceramics are several. The first is that the machinability is possible in the final i.e.
fired state. Machinable ceramics require a sintering step after machining which results in a =
2 % shrinkage.

- Kiln fumniture. The attractive characteristics that make this application possible are:
oxidation resistance, ease of machinability, relatively low cost of raw materials and, last but
not least, excellent thermal shock and chemical resistances.

- Wear and corrosion protection. As noted above it is possible to carburize or silicide
Ti,SiC,”. The former increases the surface hardness to 25 GPa; the latter to 12 GPa. These
treated surfaces should in principle be quite wear and corrosion resistant. It follows that that
parts can be readily and economically machined to close tolerances and only then surface
treated to enhance the properties.

- Heat exchangers. Ti,SiC, is an excellent thermal conductor with a conductivity that does
not decrease much with increasing temperature. Taken together with its chemical stability,
ease of machinability and resistance to thermal shock this application is obvious.

- Applications where rotating parts are used. The combination of high stiffness, low density
and ease of machinability renders Ti,SiC, excellent candidate materials for applications
where dimensional stability while rotating is important, e.g. disk drives.
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- If highly oriented samples of large enough single crystals could be grown, it may then be
possible to exploit the very low friction coefficients of the basal planes where lubricity is
important.

Finally in comparing this material with others, it is important to realize that these compounds
are only “four” years old and that the properties reported herein are for the “pure” compounds.
Very few materials indeed if any, are used in their “pure” state and as deeper understanding of
these materials is gained it is not unreasonable to assume that major improvements, especially in
the mechanical properties, are possible. That said, it is fair to say that when compared to other
technologically important materials at comparable stages of development, there is little doubt
that the prospects of these materials are quite promising. We are thus convinced that Ti,SiC, and
some of the other related compounds will be of immense technological importance in the years
to come.

10. Outstanding Issues

There is little doubt that significant progress has been made in a relatively short time in
understanding these layered ternary compounds. This does not mean that all the issues have been
resolved. There are several issues that have either been glossed over or ignored in this review.
The most intriguing are the HRTEM micrographs (Fig. 30f) that clearly show that, on average,
the distance between dislocations in the walls is < 8 A, the distance between the Si-planes. Hence
all dislocations do not terminate at Si-planes, but some must terminate in the Ti-C layers. This
observation is consistent with the observation that the Si concentration of fractured surfaces, as
measured by XPS is less than the stoichiometric concentration, indicating that maybe the fracture
occurs between the Ti and C planes rather than along the Ti-Si planes™. It is difficult to reconcile
these observations with all other indications that clearly indicate that the Ti-C bonds are stronger
than the Ti-Si bonds.

Another related question, whose answer may provide the clue to explaining the
aforementioned observations, is why the dislocations are not pure edge, but contain a screw
component®.

The nature of the PBTT is also not totally understood. At this time, it is believed to be due to
a recovery process in which dislocations are annihilated. What determines the recovery
temperature is not clear. This is an important question because it would indicate the direction one
need to follow to enhance the high temperature mechanical properties.

The fact that Ti,SiC, and the others posses less that the requisite 5 independent slip systems
required for ductility is important and has some far reaching ramifications. For example, these
solids do not posses a yield point, and their behavior gradually transitions from brittle at lower
temperatures and high strain rate, to plastic behavior at higher temperatures and lower strain
rates.
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11. Summary and Conclusions

The M,,;AX, phases are a new class of solids that behave as true laminates at the
nanolevel. They are machinable and thermodynamically stable to high temperatures; some as
high as 2300 °C. The combination of metallic bonding, propensity for delaminations, and
dislocation motion endows them with a unique and an unusual combination of properties, the
most important and pervasive of which is damage tolerance. This damage tolerance is manifest
in the creep, fatigue and tensile and compressive response. Thermally, elastically, chemically and
electrically they share many of the advantageous attributes of their respective stoichiometric
binary metal carbides or nitrides: they are elastically stiff, electrically and thermally conductive.
Mechanically, however, they cannot be more different: they are readily machinable, relatively
soft, resistant to thermal shock and unusually damage tolerant. They are the only polycrystalline
solids that deform by a combination of kink and shear band formation, together with the
delaminations of individual grains. Dislocations multiply and are mobile at room temperature
glide exclusively on the basal planes and are overwhelmingly arranged either in arrays or kink
boundaries. They combine ease of machinability with very decent mechanical properties,
especially at T > 1000 °C. Furthermore, some of them, especially the ones with N > 1 couple
thermal isotropy with mechanical anisotropy.
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